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A study on the microstructure development of as-cast Cu-Mn alloys based around the 
congruent minimum at 34.6 wt % Mn  and 873 oC was performed. Initially, this was to 
evaluate the alloy as an alternative to wide freezing range Pb and Sn bronzes that are 
plagued with porosity. The shallow minimum and associated narrow freezing ranges 
around the congruent point result in a completely cellular (non-dendritic) solidification 
morphology for a composition range ~3 wt % Mn about the congruent composition (Cc). 
The degree of cellular solidification was found to depend on the mold material. Increased 
mold conductivity lead to a narrower composition range of complete cellular solidification. 
By casting alloys of different compositions into a composite mold, the effect of the mold 
conductivity allowed an evaluation of the congruent point reported by Gokcen. These 
results fit well with the constitutional supercooling criterion. While solidification at a point 
ideally would be planar, this was not observed even with minor deviations from the Cc. An 
additional study of the microstructure development along the minimum trough in the 
liquidus surface between the Cu-Mn and Ni-Mn binary congruent points of the Cu-Mn-Ni 
ternary system was conducted. This study revealed that alloys near the binary congruent 




trough. As the composition approached the center of the Cu-Mn-Ni diagram, the 
morphology became more dendritic, characteristic of an isomorphous system. Even though 
these alloys did not solidify in a completely cellular manner, they were free of any 
microshrinkage porosity. The alloys in this study (Cu-Mn and Cu-Mn-Ni) show promise 
for use in structural applications due to the lack of microshrinkage porosity, potent solution 





CHAPTER 1. STRUCTURE AND PROPERTIES OF CAST NEAR-CONGRUENT 
COPPER-MANGANESE ALLOYS 
1.1 Introduction 
Copper casting alloys are commonly divided into three groups based on their freezing 
range [1], which governs the degree of solutal undercooling, associated dendritic growth 
and tendency to form microporosity.  Group 1 alloys, having freezing ranges less than 50 
K, include high coppers, brasses and aluminum bronzes.  These alloys are generally 
considered to have the highest castability.  Group 2 alloys have solidification ranges from 
50 to 110 K and Group 3 alloys have larger ranges.  Group 3 alloys include the leaded 
brasses and tin bronzes.  Lead is essentially insoluble in copper, maintaining the presence 
of liquid during solidification down to low temperatures, TM, Pb = 600 K (327 oC).   These 
alloys are notoriously prone to microporosity and poor soundness/tightness. Even with the 
use of gradient chills, water tightness can be problematic in larger castings of the wide 
solidification range alloys [2].  Microporosity also limits the mechanical properties of cast 
alloys, including strength, ductility and especially fatigue resistance.   
The Cu-Mn binary phase diagram (Fig. 1.1) exhibits a congruent liquid-solid 
equilibrium, or congruent point, at 34.6 wt % Mn and 1146 K (873 oC).  Liquid of this 
composition solidifies without change in composition or temperature (no freezing range), 




partitionless solidification under equilibrium conditions at a melting point, with a planar 
solidification front and the (ideal) castability of a pure metal, but in an alloy of high solute 
concentration.  However, only small temperature/composition ranges are required to 
impose sufficient constitutional supercooling to drive dendritic solidification under typical 
casting conditions [3]. Indeed, even electrolytic pure copper, C110 (99.9 wt % Cu, 0.04 
wt % O max), exhibits a fully dendritic microstructure when conventionally cast [4].  The 
intermediate case of cellular growth, in which the secondary and tertiary arms of dendrites 
do not develop, is observed for small constitutional undercooling in controlled directional 

















The vanishing conditions for constitutional supercooling near the Cu-Mn congruent 
minimum suggests these alloys would exhibit high castability, which would be unusual 
among copper alloys, especially of such high solute concentration.  Non-dendritic 
solidification would similarly benefit casting fluidity by decreasing the resistance to liquid 
flow in narrow channels (thin sections) before solidification chokes off the flow. An 
additional contribution to high fluidity is expected from the lower liquidus temperature 
near the Cu-Mn congruent minimum compared to other copper casting alloys.  For the 
same superheat, the time for complete solidification is thus longer due to the smaller metal-
mold temperature difference driving the cooling rate [3].  The purpose of this work is to 
explore these solidification and casting characteristics through systematic studies of 
microstructure development and mechanical properties of cast Cu-Mn alloys based on the 
congruent composition.    
 
1.2 Background  
Alloys based on Cu and Mn are well known for special characteristics, such as 
mechanical damping capacity, resiliency and magnetic behavior [5].   With the exception 
of these specialty alloys, Mn is usually a secondary alloying element in Cu.  The most 
common example is the high-strength yellow brasses, also known as manganese bronzes 
(C86X).  Despite the name, these alloys typically contain only 1 to 5 wt % Mn.  They are 
strengthened primarily by 3 to 6 wt % Al, and also contain much more Zn, 22 to 42 wt %.  
The Mn bronzes originally found application where high strength in the as-cast condition 




reputation of Mn bronze for service under marine conditions, although the extent to which 
Mn is responsible for the corrosion performance of these alloys is not clear.   
A class of aluminum bronzes (C957) contain 11-14 wt % Mn, together with lower 
concentrations of Al, Ni and Fe.  Also developed for propellers, C957 was replaced long 
ago for this application by C958, nickel-aluminum bronze, which contains only 1.5 wt % 
Mn and higher Al and Ni concentrations.  This development suggests that the role of Mn 
in marine corrosion resistance is at least not critical compared to that of Al and Ni.   
Manganese brass, C9970, also known as “white brass,” contains 11 to 15 wt % Mn 
and 19 to 25 wt % Zn, with 5 wt % Ni, 3 wt % Al (max) and smaller amounts of Sn and 
Pb.  A higher manganese version is registered as C9975, containing 17 to 23 wt % Mn.  
These specialty alloys are used primarily in decorative applications for their silver color.  
Finally, the specialty alloy C996 known as Incramute™ (registered trademark of 
International Copper Research Association) contains 39 to 45 wt pt Mn with 1 to 3 wt % 
Al and smaller concentrations of other elements.  This alloy is a commercial example of 
the class of high-Mn alloys noted for vibration damping capability.        
Surprisingly, there are no commercial copper alloys in the range of 23 to 39 wt % 
Mn, straddling the congruent composition in the Cu-Mn binary system (Fig. 1.1) where 
high castability would be expected.  Dean and co-workers [5] prepared a wide range of Cu-
Mn alloys by casting, but appear to have studied their structure and properties exclusively 
in wrought forms.   An extensive review of the literature did not reveal any studies focused 
on the casting of alloys near the Cu-Mn congruent point, although Zimmermann and 
Shievenbusch [6, 7] used alloys intentionally off composition from the congruent point ± 




including under low-gravity conditions.  Therefore, the present investigation was 
undertaken to explore the conventional casting of Cu-Mn alloys based on the congruent 
composition. 
Many Cu-Mn phase diagrams have been published [8-10].  Goken reviewed and 
critically assessed the work up to 1993 [11].  Although there have been subsequent studies, 
this assessment appears to be the most reliable to date with regard to the liquidus, solidus 
and congruent point values (Fig. 1.1).   Goken gave the congruent point as 1146 ± 3 K and 
38 ± 2 at. % Mn, with the large uncertainty in the composition due to the shallowness of 
the minimum.  The corresponding composition in weight percentage is 34.6 ± 1.2 wt % 
Mn.  In the absence of more accurate data, this mean value for the congruent composition 
was used in the present study.   
 
1.3 Experimental Methods 
Over thirty different heats of nominally 1 to 2 kg were prepared by induction 
melting in crucibles in open air.  The target composition for most heats was the congruent 
point of 34.6 wt % Mn.  The copper was first melted in a No. 2 clay-graphite crucible (Bay 
State Crucible Co., Taunton, MA) in a 15 kW push-out induction furnace (Inductotherm, 
SuperTrac, Rancocas, NJ). Clay-graphite crucibles have wide compositions specifications, 
but primarily consists of silicate- bonded graphite with SiC fines and trace amounts of iron 
oxide.  The copper was clean C110 (99.9 wt %, 0.04 wt % oxygen max) scrap bolts and 
bussbar and the manganese source was electrolytic manganese cathode chips (99.99 wt %, 




The copper was melted and superheated to ~1473 K (1200 oC) with a disk of 
graphite floating on the surface for deoxidation.  The Mn was alloyed in two approximately 
equal portions by pouring the Mn chips onto the molten copper and poking them under the 
surface with a graphite rod with continued heating.  The graphite block was placed back 
on top and heating continued at full power. Due to the small size of the Mn charge and 
large amount of electromagnetic stirring, homogenous alloying was achieved in 10 to 15 
minutes after adding the Mn.  The melt was skimmed and poured at 1473  ± 20 K, as 
measured using an optical pyrometer. A mold made of steel was utilized to cast cylindrical 
ingots having a diameter of 2.5 cm and height of 10 cm.  Later in the study other crucible 
materials and melting practices were used, the additional details of which are described 
with those results. 
Ingot sections were prepared for microscopy by abrasive saw cutting, grinding on 
silicon carbide paper through 600 grit, diamond polishing and final polishing with a 0.05-
µm alumina slurry on napped cloth. The samples were observed by optical microscopy in 
the unetched and etched condition.  The etchant was a solution of 25 g iron (III) chloride, 
25 ml concentrated hydrochloric acid and 100 ml deionized water.  Field emission scanning 
electron microscopy (FE-SEM) was conducted in an FEI® XL40 SEM with an accelerating 
voltage of 20 keV.  Energy-dispersive X-ray spectroscopy (EDS) using a thin window 
detector (EDAX® ESEM 2020) capable of measuring carbon and oxygen was also 
conducted in the FE-SEM.  An accelerating voltage of 15 keV was used for point analyses 
(spot size ~1 µm) of second phases, in order to minimize the interaction volume, whereas 




macrosegregation.  Quantification was done via internal standards through the EDAX 
program with calibrated Standard Element Coefficients (SEC).     
 Density was measured by immersion in water using 5- to 10-g samples cut from 
the ingots. Vickers hardness testing (LECO®, LV-100, St. Joseph, MI) was conducted 
using a 30 kg load.  Samples for hardness testing were cut transversely from the cylindrical 
ingots into 1 cm thick sections and ground through 600 grit SiC paper before testing. Each 
sample was tested 15 times and the results are reported as the mean ± standard deviation.  
Hardness tests also were performed in the same manner on recast C110. Tensile testing 
was conducted following ASTM E8/E8M (2013) standard.  The test bars were cast 
separately in a cast iron mold. Ten bars of each alloy tested were cast and ground to the 
finish and geometry as prescribed by the standard. The tensile specimens had a gage section 
diameter of 1.3 cm and the strain was measured using an extensometer over a gage length 
of 5 cm. The testing was conducted on a screw-driven test frame (MTS® InsightTM, Eden 












1.4.1 Melting in Clay-Graphite Crucibles 
The ingots showed a completely columnar grain structure (Fig. 1.2).  Small amounts 
of centerline porosity were occasionally observed near the vertical center of the ingots. 
Observations on many cross-sections from this and other ingots cast from other heats 
prepared in the same way did not reveal any microshrinkage porosity. The lack of 

















Figure 1.2: Optical macrograph showing etched cross-section of as-cast Cu-35 Mn ingot 




Optical microscopy revealed the presence of a considerable amount of second phase 
particles present throughout the ingot (Fig. 1.3).  Closer examination showed four different 
types of particles, typical examples of which are labeled A-D on the micrograph in Fig. 1.3, 
with corresponding EDS microanalysis spectra showing their compositions. The gray 
phases (B and C) were rich in Mn and C with a composition close to Mn7C3. The average 
of twelve point analyses on different particles gave a normalized composition of 66 at % 
Mn – 34 at % C with standard deviations of 4 at %.  Small amounts of Cu also were detected, 
possibly due to beam penetration to the Cu-rich matrix.  X-ray diffraction (XRD) was 
attempted on polished sections to compliment these results but only the Cu-Mn (fcc) matrix 
was revealed.  Apparently the carbide volume fraction was too small for it to be resolved 
by XRD. Consistent with previous reports, in optical microscopy the polished manganese 
carbides particles tarnished a brown color in the ambient atmosphere [12,13].  Both the 
clay-graphite crucible and the graphite block on the surface of the melt provide possible 
sources of the carbon to form the carbides.   
The carbide phase appears to have two morphologies, shown at higher 
magnification in Fig. 1.4A. The main morphology is globular or clustered, approximately 
2 to 5 μm in size, accounting for the majority of the carbides.  In contrast, the other 
morphology is faceted/angular, an especially large example of which is shown in Fig. 1.4A. 
Many of the angular particles have an open structure surrounding the matrix, similar to 


































Figure 1.3: SEM image of polished, unetched Cu-35 Mn alloy prepared in clay-graphite crucible 





























Figure 1.4: SEM images of same specimen as in Fig. 1.3 at higher magnifications 
showing two Mn carbide morphologies:  (A) globular, including rare example of 
formation surrounding graphite particles and (B) angular, large example together with 




Two other minor constituents were noted.  The dark particles (A) in Fig. 1.3 consist 
of carbon with traces of other elements and were thus identified as graphite, consistent with 
the dark contrast in SEM.  Both nodule and flake graphite morphologies were observed, as 
shown at higher magnification in Fig. 1.4B.  It is important to note that Fig. 1.3 is not 
representative of the proportion of graphite particles, but was chosen because it shows all 
the different types of particles observed in the alloys prepared in clay-graphite crucibles.  
Actually, the graphite particles were observed in only this one heat.  In all cases the graphite 
was surrounded by a rim of the carbide phase, as shown in Fig. 1.3 and in more detail in 
Fig. 1.4B.  The other minor phase consists of ~1 to 10 μm spheroidal particles as shown in 
Fig. 1.3(D) which appear transparent in optical microscopy.  In contrast to the graphite, the 
spheroidal particles were observed in all heats.  Microanalysis indicated these particles 
consist primarily of silica. Both of these phases are believed to originate from the clay-
graphite crucible. 
The solidification morphology after etching showed a distinct cellular structure 
throughout the outer portion of the cross section of the ingot (Fig. 1.5).  The cellular 
structure is very fine with an average cell spacing of approximately 20 μm. Near the center 
of the ingot cross sections the grain morphology usually exhibited a transition from cellular 
to cellular-dendritic. The transition was observed on average ~¾ of the way from the 
surface to the center.  Such a transition is an expected consequence of the decreasing liquid 
temperature gradient (GL) as the solidification proceeds directionally inward from the ingot 
surface.  The growth instability and formation of the cellular structure can be attributed to 
the alloy composition being shifted off the Cu-Mn congruent point and/or other 




further addressed by casting a series of alloys in narrow increments of Mn concentration 
about the congruent point, as described at the end of the next section.  
The Cu-Mn phase diagram (Fig. 1.1) shows that essentially pure manganese phase 
forms in the Cu-Mn solid solution at equilibrium below ~848 K (575 oC) in the congruent 
composition alloy. However, this transformation is known to be very sluggish due to the 
low transformation temperature [5], suggesting why it was not observed in the as-cast 

































































Figure 1.5: Optical images of polished and etched Cu-35 Mn alloy prepared in clay-
graphite crucible showing the cellular structure through most of the cross-section (A) and 




1.4.2 Melting in Alumina and Silicon Carbide Crucibles 
In order to preclude carbon, the alloy was prepared in a fused alumina crucible 
(Zircoa, Cleveland, OH), using the same procedure as in the clay-graphite crucibles. The 
copper was melted with a graphite block floating on top for deoxidation but after alloying 
with Mn no carbon was in contact with the melt.  The alloy melt was drossier than in the 
clay-graphite crucibles, due to the more oxidizing conditions.  The resulting ingots 
contained ~1 vol % of 5- to 15-µm manganese oxide particles (as identified by EDS), 
having a dendritic morphology (Fig. 1.6), indicating that they precipitated in the melt on 
cooling. This result suggests that carbon in solution in the melts prepared in contact with 
carbon maintains a lower oxygen concentration than in melts with the Mn alone. That is, 
without carbon in solution, the melt would be saturated with oxygen in equilibrium with 
MnO (on the surface of the melt).  Upon cooling, the melt would become supersaturated 
with oxygen prior to solidification, resulting in the nucleation and (dendritic) growth of the 
MnO particles. These particles were heterogeneously distributed in the ingots, with some 
sections containing few particles and other areas clusters as shown in the region in Fig. 1.6.  
Addition of a more potent deoxidizer (e.g., Al) should suppress the formation of MnO 
under these conditions. 
A  carbon-bonded SiC crucible (Vesuvius, London, UK) was selected as having a 
carbon content intermediate between clay-graphite and alumina.  The SiC carbide crucible 
contained nominally: SiC balance, 30 wt % carbon, 5-10 wt % SiO2, 5-7 wt % Al2O3 and 
trace amount of other oxides, according to the manufacturer’s specification.  Heats were 
prepared in the same manner as in the alumina crucible, without contact with the graphite 




exhibited only a very small amount of second phase particles, less than 1 μm in size and 
widely dispersed.  Microanalysis identified the particles as a Mn carbide, but their small 
size made quantification difficult.  Based on their small size these fine Mn carbides were 
hypothesized to form in the solid state after solidification. The SiC crucible seems to 
provide enough carbon to avoid Mn oxide precipitation during solidification while limiting 

















Figure 1.6: SEM of unetched Cu-35 Mn alloy melted in alumina 




Composition of the ingot was measured on a cross section using small area (~200 
x 300 µm) EDS analysis.  In this case a compostion profile (Fig. 1.7) was measured along 
nine evenly spaced radial locations. The composition varied from 34.1 to 34.8 wt % Mn, 
averaging 34.3 % with standard deviation of 0.2 % Mn.  This result indicates essentially 
no radial macrosegregation in the ingot and little preferential loss of Mn overall due to 



















Figure 1.7: Radial composition profile from the centerline to outer edge of ingot shown in Fig. 
1.5. Line indicates average composition of 34.3 wt % Mn (solid line) with a standard deviation 















































Figure 1.8: Optical images of polished and etched low-carbon Cu-35 Mn alloy (different 
heat of same alloy and processes shown as in Fig. 1.5).  Cross-section (A) displaying 
cellular structure all the way to the center of the ingot and axial section (B) near surface 




Optical microscopy after etching revealed a cellular solidification morphology 
from the surface to the center of the ingots (Fig. 1.8 A).  Compared to the heats melted in 
clay-graphite, the cellular structure was maintained all the way to the center of the ingot 
cross-section. Several other heats were prepared under identical conditions in SiC crucibles 
with the same result of an all-cellular structure.  Figure 1.8 B shows the cell structure 
perpendicular to their growth direction near the ingot surface.   Similar to the cells in Fig. 
1.5B the average cell size measured approximately 20 μm, indicating a high aspect ratio of 
over 500, since the cell length went all the way to the centerline.   
Several heats of the congruent composition target (34.6 wt % Mn) were prepared 
in clay-graphite crucibles at lower temperatures, with and without the graphite block 
floating on the surface after alloying with Mn and heating to ~1473 K.  It was found that 
the carbide formation could be suppressed in the clay-graphite crucible by not using the 
carbon block on top of the melt after alloying with the Mn.  Microstructure analysis also 
did not reveal any MnO as formed in the alumina crucible.  Similar results were obtained 
when the melt temperature was limited to ~1273 K in the clay-graphite crucible, even with 
the carbon block in contact with the top of the melt before and after alloying with Mn.   
These results indicate that the carbon pick-up is temperature and time dependent in the 
range of common superheats for casting.  Thus, the carbide formation can be controlled 
also when melting in clay-graphite crucibles.  
Having reduced Mn loss from the melt due to carbide formation to low levels, the 
interesting question of the sensitivity of solidification growth morphology to composition 
near the congruent point could be addressed systematically.  In order to study the 




congruent point, a heat was prepared with target composition of 37 wt % Mn and 
sequentially diluted with copper in target steps of nominally 1 wt % down to 32 wt % Mn.   
A small portion was cast from each dilution step into a 12.7 mm diameter cylindrical steel 
mold. The amount of copper to be added was calculated by assuming that each pour was 
the same as the volume of the mold.  The target composition range was chosen with the 
congruent point composition of Goken [11] as the median.  The results of this experiment 
are shown in Table 1.1.  The change in composition lead to a varying degree of cellular 
morphology, with alloys at the maximum and minimum of the tested composition range 
showing primarily dendritic solidification (Fig. 1.9), while alloys in the center of the range 
remained completely cellular (Fig. 1.7 and 1.8). They were assessed by evaluating the 
surface area that displayed cellular solidification. 
Table 1.1: Approximate fraction of ingot cross-section area exhibiting cellular growth 
(balance dendritic) in alloys of varying Mn concentration about the congruent 
composition 
        Alloy composition (wt % Mn)           Fraction of Cellular Grains  
38.6 1/8 
35.7 all cellular 
34.2* all cellular 
34.6    (congruent point [11])  ---------------- 




*From larger ingot (25 mm dia.) of main study.  Note that the larger diameter ingot provides 









































Figure 1.9: Optical images of polished and etched cross-section of ingot of higher Mn 
alloy (Cu-38.6 wt % Mn) showing mostly dendritic growth (lower left to upper right) 
with transition from cellular to dendritic morphology in grains of differing orientation 




1.4.3 Density and Mechanical Properties  
Density measured by immersion at room temperature gave 7.63 g/cm3 for the low-
carbon alloy in the as-cast condition.  As described earlier, the alloys did not exhibit 
microporosity so this density value represent the true density.  
 Vickers hardness values measured for the Cu-Mn alloys and the pure copper used 
to prepare the alloys are listed in Table 1.2, along with handbook values [4] for other cast 
Cu alloys for comparison. Hardness of the near-congruent Cu-Mn alloy containing only a 
trace of manganese carbide, as prepared in SiC crucibles, measured 93 ± 4.1 HV.  The alloy 
containing Mn carbides measured 111 ± 1.9 HV.  The higher hardness is most likely due 


















Table 1.2: Vickers hardness measured for Cu-Mn alloys and handbook values for other 
cast Cu alloys. 
Alloy    HV† (kg/mm2)   
Cu-35Mn    93 ± 4.1   
Cu-35Mn, carbide-containing   111 ± 1.9  
C110, recast   56 ± 1.6   
C857 (63-1Sn-1Pb-35Zn) yellow brass   83    
C932 (83-7Sn-7Pb-3Zn) bearing bronze   73     
C836 (85-5Sn-5Pb-5Zn) red brass   65 
C898 (88-5Sn-2.2Bi-4Zn) Bi-Sn bronze   65    
C875 (82-4Si-14Zn) silicon brass   131   
† Commercial alloy values from Metals Handbook [4]; converted from Brinell (500 kg) 
values using ASTM conversion table for cartridge brass [14]. 
 
Tensile testing of the low-carbon alloy using cast-to-size test bars gave yield 
strength of 182 ± 6 MPa, tensile strength of 282 ± 34 MPa and ductility as elongation of 22 
± 4 %.    The higher relative scatter in the tensile strength and elongation values compared 
to the yield strength is due to the variability in fracture of the coarse-grained nature of these 
specimens.   The yield strength value is about 50 % higher than the reported values for 
C836 and C932, again mostly due to the higher total alloy content, but with comparable 






1.5.1 Cellular Solidification 
The distinguishing characteristic of the near-congruent Cu-Mn alloys observed in 
this study is the cellular solidification microstructure, exhibiting a distinct lack of 
microporosity.  Indeed, none of the metallographic sections from the many different heats 
of the alloy cast in this study showed any microporosity attributable to solidification 
shrinkage to a resolution less than 1 μm.  Previous studies display cellular growth only in 
specially controlled unidirectional solidification experiments [6, 7].  In casting, however, 
cellular solidification is highly advantageous from the standpoint of reducing or 
eliminating the defects associated with dendritic solidification, including microporosity, 
microsegregation, and hot-tearing [3, 15-18].  These benefits are all the more unusual in a 
high-concentration alloy.   
 The key result is that completely cellular structures were obtained in the present 
study for alloys ranging over about 3 wt % Mn near the congruent composition.  For greater 
deviations of composition, solidification was initially cellular, transitioning to mildly 
dendritic toward the center of the ingots, with the transition occurring closer to the mold 
wall for increasing deviation from the congruent composition (Table 1.1). The term mildy 
dendritic is used to describe a dendritic structure with the initial formation of secondary 
arms, but is not a fully developed dendritic structure (Fig 1.9). Although the cellular-to-
dendritic transition depends on the particular cooling conditions, as well as the solutal 
undercooling, the compositional tolerance directly measured in this study appears to be a 
practical range for commercial production.  Furthermore, no microporosity was observed 




dendritic transition, even approximately, is difficult [3].  Nevertheless, the composition 
tolerance for avoiding microporosity associated with dendritic solidification is effectively 
wider than that for the first appearance of dendritic features.   
Although the majority of the benefits of non-dendritic growth are realized in 
cellular growth, the prospects for achieving planar growth under typical casting conditions 
in Cu-Mn alloys closer to the congruent point was explored.  The general form of the 
constitutional supercooling (CS) criterion [19] for predicting the onset of non-planar 
(cellular) growth for single phase solidification is, 




 (1.1)                 
where GL (K/mm) is the temperature gradient in the liquid near the solid-liquid interface, 
V the growth velocity (mm/s), ∆T the liquidus-solidus temperature range (K) and DL 
diffusivity in the liquid (mm²/s). Planar growth is sustained by low velocities, and high 
temperature gradients, and very small freezing ranges.   Following Kurz and Fisher, GL and 
V are coupled in casting according to the cooling conditions and GL/V changes with time 
during casting from approximately 20 to 0.2 Ks/mm2 [19].  Estimating DL = 0.005 mm2/s, 
the critical ∆T varies from 0.1 to 0.001 K, consistent with the general observations that 
only slight freezing ranges are necessary to set up non-planar solidification under typical 
casting conditions.   An early study testing the CS criterion in dilute Sn-Pb alloys showed 
that only ~0.01 wt % Pb was sufficient to require GL/V greater than ~100 Ks/mm2 in order 
to maintain planar growth in controlled directional solidification experiments [20].  
Considering the low curvature of the liquidus and solidus, very narrow freezing 




estimate from the phase diagram, assuming circular liquidus and solidus curves near the 
congruent point, indicates a freezing range of 0.0004 K for composition deviations of 0.1 
wt % Mn from the congruent composition. This method is further discussed in Chapter 2. 
This small freezing range required for planar growth is consistent with the results of the 
dilution experiment (Table 1.1) in which the composition increments were an order of 
magnitude larger and indicates that smaller steps will be required in order to study if planar 
growth is possible under casting conditions. This explains why no planar growth was 
observed.  
 In contrast to dilute terminal alloys, on which interface growth morphology studies 
are normally conducted by controlled directional solidification, narrow freezing ranges 
occur at high solute concentrations near the Cu-Mn congruent point.  Another distinction 
is that the liquidus and solidus are tangent at a congruent point, where their slopes converge 
to zero and the partition coefficient, k, necessarily converges to one.  This is fundamentally 
different from a dilute solution alloy near a pure component, where the liquidus and solidus 
generally are not tangent at the pure solvent (melting point), but exhibit limiting slopes and 
k approaches a constant value that can be significantly different from one.  Thus, near a 
congruent minimium, especially one so shallow as in the Cu-Mn system, larger deviations 
in composition (“impurity”) should be tolerable before the onset of non-planar growth 
morphologies compared to the usual dilute terminal alloys.  This study has already 
demonstrated tolerance on the order of 1 wt % Mn for maintaining cellular (non-dendritic) 
growth under conventional casting conditions.  The freezing range estimated above using 
the CS criterion suggests that planar stability would be limited to composition variations 




While the estimated deviation in Mn concentration for maintaining planar growth 
stability is predicted to be very small, other impurities may dominate the solutal 
undercooling effects. In this regard, carbon has both direct and indirect effects on 
composition variations in the alloy.  Carbon dissolved in solution directly increases the 
freezing range.  It also reacts with Mn, forming Mn carbide and reducing the Mn 
concentration of the liquid during solidification.  The magnitude of these effects is 
considered in the next section. 
 
1.5.2 Carbon Effects 
Previous work on the Cu-C [21] and Cu-Mn-C systems [13, 22] showed the very 
low solubility of C in pure copper and increased solubility when Mn is present in solution.   
At 1473 K the carbon solubility increases from 0.0008 wt % in pure Cu [21] to 0.25 wt % 
in Cu-35 wt % Mn [13].  Figure 10 shows a Cu-Mn-C phase diagram from more recent 
work [22], as redrawn in ASM Alloy Phase Diagrams [23].  The phase relations were 
determined experimentally, although few details of the methodology are provided by the 
authors [22].  This particular pseudo-binary section shows the effect of adding C to a Cu-
Mn alloy of 40 at % Mn, which is only slightly more concentrated than the congruent 
composition in the Cu-Mn binary of 38 at % Mn used in the present study.   
The phase diagram shows a direct effect of carbon imparting a finite freezing range 
between liquid and solid Cu-Mn-C solutions containing carbon up to 2 at % (equivalent to 
0.4 wt %).  This range could introduce significant constitutional supercooling compared to 




reliability of the phase diagram is not known and the observation of cellular growth even 



















This phase diagram (Fig. 1.10) also shows higher solubility of carbon in liquid Cu-
Mn than Anderson and Bever [13] and that Mn7C3 is the equilibrium carbide phase.  Indeed, 
the earlier authors only mention briefly that after equilibration in graphite crucibles the 
Figure 1.10: Vertical section of the Cu-Mn-C pseudo-binary phase diagram [22, 23] representing 




carbon was present in their alloys “at least in part” as Mn carbide, but they did not report a 
particular carbide stoichiometry.  The Mn7C3 is the most carbon-rich among the known 
manganese carbides (Mn23C6, Mn3C, Mn5C2, and Mn7C3), which is consistent with its 
observation in the present study considering the high activity of carbon in copper-based 
alloys [24]. 
The phase diagram shows multiple possible solidification paths involving Mn7C3 
formation, depending on carbon concentration and temperature, that may explain the 
different carbide morphologies observed (globular and angular).  The diagram shows an 
eutectic transformation at 2 at % C and about 900 oC, which seem unlikely as the reaction 
path given the size and isolated, unitary structure of the Mn7C3.  The Mn7C3 solvus in the 
liquid Cu-Mn-C alloy increases from 2 at % (0.4 wt %) C at about 900 oC to 3 at % (0.6 
wt %) C at about 975 oC, above which a second liquid solution a little richer in C (L2) 
becomes the saturation phase.   Of these two possibilities, the globular morphology carbide 
seems more likely to be associated with formation through the immiscible L2 phase and 
the angular morphology via primary crystallization from L1.  Other factors such as 
impurities and cooling rate may play a role in determining carbide morphology.  
Above 1292 oC the phase diagram shows that carbon-saturated alloy melts could 
yield graphite upon cooling, followed by Mn7C3 through a ternary peritectic reaction.   This 
possibility could explain the graphite particles rimmed in Mn7C3 observed in the one heat 
(Figs. 3 and 4B) of the high-carbon alloy if the melt temperature had been a little higher.  
Another possibility is that the graphite particles broke off from the crucible, graphite block 
or stir rod and reacted directly with Mn in the melt to form the Mn7C3 rims.  The flake 




graphite shows radiating structure in optical microscopy, similar that observed in nodular 
cast iron, consistent with the graphite having crystallized from the melt.   Thus, the 
possibility of both mechanisms cannot be excluded.  Again it should be emphasized that 
the graphite particles in the alloy were observed in only one of many heats produced under 
nominally the same conditions.   
The Mn carbide formation has an indirect effect on alloy composition by 
consuming Mn from the melt, shifting its composition during solidification.  In order to 
gauge the magnitude of this effect, statistical point counting analysis was performed to 
measure the volume fraction of carbides in the high-carbon alloy prepared in clay-graphite 
crucibles.  The resulting value of 2.4 vol % carbide corresponds to a reduction of 2.1 wt % 
Mn in the metal phase before solidification, assuming the carbides formed only from the 
liquid and not the solid.  Microanalysis of the matrix phase showed about 2 wt % lower 
Mn than the starting alloy composition target, in very good agreement with the carbide 
volume fraction analysis considering the assumptions and uncertainties in the measurement.   
Melts prepared in the SiC crucibles were free of the globular carbide, even though 
it was the more prevalent morphology in the higher carbon alloys prepared in the clay-
graphite crucibles.  Angular carbides having a similar morphology to those found in the 
clay-graphite heats, but much smaller and less abundant, were the only carbides observed 
in the alloys prepared in SiC.  The Cu-Mn-C phase diagram (Fig. 10) shows that at low 
carbon concentration (below 2 at %) the carbide can only form upon cooling in the solid 





Although the exact mechanism(s) are not yet completely understood, this study 
clearly shows Mn carbide formation in the near-congruent Cu-Mn alloys can be controlled 
in practical ways by controlling contact of the melt with carbon and/or the temperature.  
 
1.5.3 Density and Mechanical Behavior 
Dean and Anderson [25] measured the density of Cu-Mn alloys over the full range 
of composition in wrought form.  A value of 7.65 g/cm3 was determined from the graph of 
their their data for the composition of the low-carbon alloy of the present study (34.3 wt % 
Mn), which is in good agreement with the measured value of 7.63 g/cm3.  The density of 
the Cu-Mn alloy is about 10 % lower than the density of closest analog brass, Cu-35 % Zn, 
8.5 g/cm3[4].  This difference reflects the lower atomic weight of Mn (55.8) compared to 
Zn (65.3) and represents a significant advantage in weight savings.   Other common cast 
copper alloys containing Sn and Pb have even higher densities up to about 9 g/cm3.   
The near-congruent Cu-Mn alloys also exhibit attractive mechanical properties for 
structural applications, including about twice the hardness (strength) of commercially pure 
copper (Table 1.2) while maintaining high ductility (22 %) to compliment the increased 
castability.  The Cu-35 Mn alloy with low carbon (93 HV) compares favorably to other 
common cast copper alloys.  Cast yellow brass (C857), the closest analog commercial brass, 
containing 35 wt % Zn and 1 wt % each of Pb and Sn, exhibits 84 HV (Table 1.2).  Since 
the relative contributions of Pb and Sn are small and at least partially offsetting, this 
difference directly reflects the more potent solid solution strengthening effect of Mn 
compared to Zn.  Work of Dean, Long and Graham [26] confirms this effect, where direct 




shows yield strengths of 260 MPa and 146 MPa, respectively.  Also noted from the tensile 
testing of this study was that the cast Cu-Mn alloys also exhibited a high work-hardening 
rate and associated high ductility, as characteristic of the Cu-Zn alloys.  
 In addition to yellow brass, the cast Cu-Mn alloys compare favorably with three 
other common cast alloys (Table 1.2), bearing bronze C932 (83-7Sn-7Pb-3Zn), bismuth 
bronze C89833 (88-5Sn-2.2Bi -4Zn-1Ni) and leaded red brass C836 (85-5Sn-5Pb-5Zn). 
The higher solute content of the Cu-Mn solid solution gives higher hardness, even without 
the Mn carbides, compared to these alloys of notoriously low castability [2].  A final alloy 
for comparison in Table 1.2 is the silicon brass C875 (82-4Si-14Zn), which has higher 
strength and hardness.  This alloy is also noted for the absence of Pb, although it 
nevertheless has a wide freezing range [1].  
While the formation of the carbides in the high carbon alloys was not expected, 
they increased the hardness of the alloy by 19 %.  Given the size and distribution of the 
carbides, this effect is most likely due to the higher hardness or composite effect of the 
carbide particles themselves, similar to the effect of primary carbides in tool steels.  No 
data has been found yet on the hardness of Mn7C3, but comparison with other transition 
metal carbides and observations of relief in polishing suggest their greater hardness 
compared to the alloy matrix.   Furthermore, the small amount of Mn that goes to carbide 
formation does not significantly reduce the high concentration of Mn in the matrix alloy, 
which is more than offset by the hardening (strengthening) effect of the carbides.  Based 
on the hardness and tensile properties results and distinct absence of microporosity, the 
near-congruent cast Cu-Mn alloys are expected also to perform well in fatigue compared 





Near-congruent composition Cu-Mn alloys were prepared by air melting and 
conventional casting and the resultant solidification structure was analyzed. The 
microstructure of the alloy was characterized to evaluate the formation of secondary phase, 
as well as the tendency for microporosity.  Based on these observations, coupled with 
mechanical response to gauge applicability of this alloy, the primary conclusions of this 
study are: 
a) A cellular solidification morphology, rare in conventional casting, was found 
to be attainable in Cu-Mn binary alloys having a range of compositions of 
approximately 3 wt % Mn about the congruent point. 
b) No microporosity was observed due to the narrow freezing range and cellular 
solidification morphology. 
c) Manganese carbide particles with two different morphologies (angular and 
globular) form in the alloy from melts prepared in contact with carbon. The 
formation of these particles was effectively controlled through changes in 
crucible chemistry, temperature, and melting time, enabling clean Cu-Mn alloys 
to be prepared by air melting, with the presence of little secondary phases. 
d) Through comparison to other alloys, manganese was found to be a potent solid 
solution strengthener while maintaining high ductility, leading to favorable 
mechanical properties, with a further increase in hardness (strength) being 
possible through the formation of the carbide phase.  
e) The combination high castability and good mechanical properties of this system 
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CHAPTER 2. NEAR-CONGRUENT SOLIDIFICATION OF COPPER MANGANESE 
ALLOYS 
2.1 Introduction 
Virtually all alloys solidify in a dendritic manner under conventional casting 
conditions. Typical alloy freezing ranges are large relative to the temperature gradient and 
isotherm velocity to maintain planar growth during conventional casting process. A 
schematic created by Kurz and Fischer [1] gives a more in-depth evaluation of the 
solidification morphology dependence on thermal gradient and isotherm velocity (Fig. 2.1). 
The diagram shows the critical thermal gradient-to-isotherm velocity ratio for the transition 
from planar-to-cellular, cellular-to-dendritic, and columnar-to-equiaxed (dendritic) 
morphologies. The schematic also shows the typical thermal gradients and isotherm 
velocities in directional solidification (D.S.) and casting. 
This diagram shows that during casting, a typical alloy would go from a fine 
dendritic columnar structure all the way to a coarse equiaxed dendritic structure. This 
compares well with what is seen in most conventional cast alloys. To obtain cellular or 
planar solidification in a typical alloy, controlled directional solidification process (e.g., 
Bridgeman) is required. As discussed in the previous chapter, though, the near-congruent 
alloy solidifies in a cellular manner and the alloy does not follow this trend when cast in 





One reason for the difference in solidification morphology between these alloys can 
be seen in the assumptions made for the Kurz and Fischer diagram. They assumed that the 
“typical” alloy had a freezing range of 50 K and a diffusivity of the liquid of 5x10-9 mm2/s, 
which are typical of dilute conventional alloys. This is very different, though, from the 
near-congruent Cu-Mn alloy, which are concentrated, but display a freezing range that 
approaches zero near the congruent composition (Cc). 
It is also important to note that the near-congruent Cu-Mn alloy, to this point, was 
cast only in an iron mold, which is a specific cooling condition. To increase the 
applicability and understanding of the limits of cellular solidification in this system, further 
work was needed to look at the effect of composition deviations under different cooling 
conditions. This requires a better evaluation of the congruent composition and gauging the 





































Figure 2.1 Trace of Kurz and Fischer schematic showing the effect of changing 
thermal gradient (G) and isotherm velocity (V) on the solidification morphology of a 
typical alloys. Directional solidification (D.S.) conditions of Schievenbusch is in the 





 Furthermore, a comparison of the near-congruent system to other conventional 
systems is required to understand why cellular solidification is observed in this alloy, when 
not commonly observed in other conventional systems. While the most obvious difference 
between the near-congruent alloys and other conventional systems is the narrow freezing 
range, there are other thermodynamic parameters that will affect the ability to obtain this 
solidification morphology. Also these dilute alloys can display narrow freezing ranges as 
well. For this reason it will be important to flesh out the thermodynamic differences 
between the near congruent system and more conventional systems. Since there appears to 
be only a handful of work near a congruent point and no work on the effects of conventional 
casting around a congruent point, fleshing out these important key differences, and trying 
to understand their effect on the solidification structure, will be a key aspect of this direct 













2.2.1 Effect of Thermal Parameters on Solidification Morphology 
In solidification theory, two of the most important thermal parameters are the 
thermal gradient (G) and isotherm velocity (V). These parameters are used to describe 
phenomena like planar instability, microshrinkage porosity, columnar-to-equiaxed 
transition, as well as the cellular-to-dendritic transition[3]. As mentioned earlier one of the 
most familiar summaries on the effect of these thermal parameters was put together by 
Kurz and Fischer seen in Figure 2.1[1]. This shows the development of the solidification 
morphology with conventional casting (arrow) as well as with controlled directional 
solidification. As a reminder, the assumptions in the creation of this diagram are that the 
freezing range is 50 K and a liquid diffusivity of 5x10-9 m2/s. 
From the schematic it can be shown that the morphologies that can be achieved are 
pretty limited for the conditions chosen by Kurz and Fischer to portray a typical alloy 
during casting. This is different than the microstructures that can be achieved in directional 
solidification (D.S.), where there is a greater range of isotherm velocities that can be 
achieved at a fixed gradient, Fig 2.1. It is also important to note that in D.S. (e.g., 
Bridgeman furnace) the gradient and velocity can be changed independently, which is not 
the case in conventional transient solidification. In conventional casting there is actually 
very little control over these parameters at all. This limits the morphologies that are seen 
and is why observing planar or cellular solidification in conventional casting of an alloy is 





This is where this body of work differs from any work done in these systems as 
mentioned in the first chapter. Schievenbusch and Zimmerman noticed cellular 
solidification but they used a Bridgeman furnace [4, 5]. By plotting the gradient and 
velocities used by Schievenbusch and Zimmerman on Figure 2.1 (red box) it can be seen 
that they were not at thermal parameters near those prescribed for conventional casting by 
Kurz and Fischer. There was also work done in this system with laser heating and then 
rapid cooling [6-8]. These parameters are also very different than those achieved in 
conventional solidification.  
Due to the lack of control that a caster has to tune the gradient and velocity, a lot of 
work is put into explaining solidification phenomena through the cooling rate (?̇?𝑇), which 
is equivalent to GV. A common example of this is the columnar-to-equiaxed transition [9, 
10]. Many studies have been performed on calculating the critical cooling rate for a 
phenomena to occur, because this is something that is somewhat easier to control and 
determine. Unfortunately, this does not work for the cellular-to-dendritic transition. 
Current theory explains that the columnar-to-equiaxed transition is related to Gx/Vy where 
x and y are not equal[11]. This is not the case for the cellular-to-dendritic transition. It is 
related to G/V [12, 13]. In this case the cooling rate can be changed without necessarily 
changing this ratio. This can be observed by looking at Figure 2.1. 
It should be noted that there is some work on the cellular-to-dendritic transition that 
showing a parameter that does effect the cellular to dendritic transition and is related to the 
cooling rate and this is the cell size [9, 10, 14, 15]. There is a critical G/V ratio above which 
all solidification is cellular and a corresponding G/V below which all solidification is 




secondary arms or not. The bigger the spacing the more likely. This is not overly applicable 
for this study since it does not seem to have an effect outside of the critical G/V range but 
does explain why the transitions from cellular-to-dendritic have been observed to not be 
discrete in our previous work. 
Due to the limited contol of the thermal gradient and isotherm velocity in 
conventional casting, further experiments are required to evaluate the trends with 
parameters that can actually be controlled by the caster, especially with this alloy being 
designed for commercial use. An important parameter that was observed to show a large 
effect on solidification morphology was mold material. A study to look into the 
commercialization of the near congruent alloy (target 34.6 wt% Mn) showed that the same 
alloy from the same heat displayed completely cellular solidification in a conductive mold 
(iron), while mostly dendritic in an insulating mold (sand). The morphology in the sand 
casting can be seen in Figure 2.2.  Following this observation, experimentation will be done 



















Figure 2.2 The solidification structure of the near-congruent alloy cast in sand through the use 
of an open air induction melter with a target composition of 34.6 near the mold wall (A) and as 




In the initial study it was found that in a conductive mold the alloys display 
complete cellular solidification over a range of about 3 wt % Mn. To evaluate the farther 
extremes of thermal conductivity the mold materials will be plaster and water cooled 
copper plate. Since the cooling conditions will be different the range of solidification 
structure can be evaluated for these conditions. While water-cooled copper is not really a 
conventional mold set up, especially for brasses and bronzes, it sets the brackets with 
copper chilled water plate being the fastest cooling rate, realistically, and plaster being one 
of the slowest for conventional casting practices [1, 16]. 
 
2.2.2 Planar Solidification 
One of the initial questions of chapter 1 was about the possibility of planar 
solidification in conventional castings. If the deviation from the congruent point was 
minimized to very small deviations planar solidification should occur, but the deviations 
required may be too small to be achieved in conventional casting. Deviations from the 
target composition are common in casting due loss, especially with a relatively volatile and 
oxygen active element like Mn. Consistent deviations can be accounted for but small 
inconsistent deviations will occur from heat to heat that cannot be. Therefore the important 
aspect is how the magnitude of these inconsistent losses of Mn compares to the allowable 







Since the castings in the original study were done in open air, the loss of manganese 
and interactions with the atmosphere could inhibit the possibility of planar solidification 
due to increased loss of Mn. For this reason, castings were to be performed in a vacuum 
induction melter. While this is not a conventional casting mechanism, it will still display 
transient solidification at the same parameters that would be experienced if cast in the open 
air set up, the vacuum just increases the cleanliness of the pour. 
 
2.2.3 Evaluation of the Congruent Composition 
The ability to achieve planar solidification would be of great interest in its own 
right, but it would also give some insight into the composition of the true thermodynamic 
congruent point in the Cu-Mn system. This was one of the goals of the initial dilution 
experiment in the previous chapter, but it appears that the increment change in composition 
was too coarse. It was thought that by performing the dilution experiments that one of the 
increments may get close enough to the thermodynamic congruent point to achieve planar 
solidification. If it occurred in one alloy and not in the other it can be inferred that this alloy 
is closest to the congruent composition. This should give pretty precise resolution of the 
congruent point due to expected difficulty to achieve planer solidification. This experiment 
with finer increments will be part of this study. 
If planar solidification were not to occur, which is a definite possibility, then the 
route would only lead to bracketing of the congruent composition. The previous dilution 
experiment was good at bracketing what compositions would show what type of 
solidification morphology, but was unable to hint at what the congruent composition. At 




to the center.  This is not of high enough accuracy to truly comment on the accuracy of the 
previously evaluated congruent composition, so an experiment must be set up that can 
increase the accuracy not only over our previous work but over that of Gokcen as well. 
As mentioned earlier, the iron conductive mold shows completely cellular 
solidification while the sand casting initially shows cellular solidification but quickly 
breaks down to dendritic. If the sand casting experiment is any hint to a trend, then the 
lower thermal conductivity mold, plaster, will display less cellular solidification at the 
same compositional deviations. If this is the case then the deviations from the congruent 
composition that will solidify in a cellular manner when against a plaster mold will be 
much smaller. This can be used to discern which composition is closer to the congruent 
composition. By solidifying in a more insulating mold the amount of cellular solidification, 
instead of the observation of planar solidification, can be used to evaluate which 
composition is closer to the congruent composition. This will have a higher resolution than 













2.2.4 Comparison to Common Binary Systems 
While a congruent minima is not commonly used for solidification theory, it is 
commonly seen in introductory phase transformation and materials thermodynamic 
courses when showing the effect of enthalpy of mixing. The explanation normally starts 
with a system that displays that has very little to no enthalpy of mixing, an isomorphous 
binary phase diagram (e.g.,Cu-Ni). As the enthalpy of mixing is increased the phase 
diagram becomes a congruent minima and finally a eutectic. For this reason it should be 
no surprise that the congruent minima has similarities with both of these systems, as well 
as some very important differences. Since these systems are also studied more they will be 
ideal to compare to the congruent minima to develop an understanding of the solidification 
that occurs near a congruent point. 
Analysis of constitutional supercooling and growth morphology are nearly always 
based on a terminal dilute binary alloy with a liquidus and solidus decreasing to a eutectic , 
Figure 2.3 A [1,16]. This is easily explained by the fact that this model system shows many 
of the important features of most conventional engineering cast alloys during solidification. 
After a cursory comparison of this system to that of the near-congruent, it can be seen that 
there are some very distinct differences that arise. In the eutectic binary alloy, compositions 
of the solid and liquid are continuing to separate until reaching the eutectic temperature. 
The dilute eutectic system therefore displays two phases below the eutectic, while the 
congruent minimum leads to the solidification of a single phase. This results from the 





Even though the dilute binary eutectic system exhibits these differences, there are 
some important similarities that can aid in understanding the characteristics of near- 
congruent solidification. First the congruent point and eutectic are both invariant. Also at  
composition selected in Figure 2.3 A and under equilibrium conditions, the terminal dilute 
binary alloy ends when the solidus composition hits Co and therefore never reaches the 
eutectic temperature. Similarly, under the same condition, the congruent alloy never 
reaches the congruent composition and therefore all solidification would second occur 
before the congruent temperature. The dilute eutectic system can also displays a narrow 
freezing range, when dilute, and displays a minimum temperature (TE) below which there 
can be no liquid even in non-equilibrium solidification.  In non-equilibrium solidification 
in the congruent system the last solid to form is at the congruent composition, which is 
similar to the dilute eutectic that solidifies eutectic even though this composition does not 
go through the eutectic line.  
It is possible that the non-equilibrium solidification in the eutectic can help explain 
an observation in the etched microstructure of the near-congruent alloy. These alloys 
display a distinct etching response of the near-congruent solidification structure (Fig. 2.5 
A +B). The etch leaves a very sharp contrast between the cells and the intercellular region 
leaving the appearance of “rings”. It also appears that the composition of the alloy has an 
effect on the response, Fig 2.5. Even though these cellular structures have been shown 
before, a thorough investigation of their source has not been discussed. The alloy has been 
confirmed to be single phase in previous work so it is not a separate phase. Maybe by 




























Figure 2.3 Schematics of the congruent minimum sectioned in half at the 
congruent composition (A)  and a schematic of a dilute isomorphous 







The other anaolog to the congruent minimum is a dilute terminal system. Examples 
of this include the Cu-Ni isomorphous system on the copper side or a system that terminates 
with a peritectic. A schematic of this system is shown in Figure 2.3C. From a first look 
these systems appear very similar. The composition of the solidus and liquidus are 
converging in both of these system and both display a narrow freezing range. A 
fundamental difference, however, is that in the congruent system, the partition coefficient 
approaches one at the limit at which the composition of the alloy approaches the Cc. The 
slope of the solidus and liquidus are decreasing and pass through zero at Cc [17]. 
 This is not the case in the dilute isomorphous minimum. The liquidus and solidus 
lines have a non-zero slope as they terminate at the pure component (e.g. 100 wt% Cu).    
A final difference that should be mentioned has to do with the difference of the diffusivity 
of the liquid, which is an important parameter in solutal undercooling [1].  Since the 
terminal minimum system is dilute while the congruent minimum, especially in the Cu-
Mn, system is concentrated, it can be expected to have a lower diffusivity of the liquid than 











These thermodynamic differences lead to difficulty in using established equations 
in solidification theory. One example was observed in the first chapter, when trying to 
calculate the compositional deviation required to achieve a certain freezing range. 
Commonly this equation can be used to calculate the equilibrium freezing range [17]: 
 
                                                                                                     
 
where ml is the slope of the liquidus line, Co is the composition of the alloy, and k is the 
partition coefficient, assumed to be constant. This equation gives good approximation of 
the freezing range in dilute alloys, where ml and k are often nearly constant over small ΔC 
(ΔT) [1, 3, 16]. An important difference in near-congruent solidification, however, is that 
the slope of the liquidus (and solidus) is continually decreasing, reaching zero at the 
congruent composition. The partition coefficient is thus also continuously changing as it 
reaches 1 at Cc, making the use of this equation inaccurate [17]. For this reason this 
equation would lead to very poor approximations. Therefore a better route must be 











 In the first chapter the freezing range near Cc was approximated through a graphical 
method assuming the liquidus and solidus as tangent circles that touch at Cc. This graphical 
method was based on a geometric relationship between these tangent circles. The equation 
was as follows: 
                                                                                                           
 
where Cl is the composition of the liquid, Cs the composition of the solid , Rs the radius of 
curvature of the solidus line and Rl the radius of curvature for the liquidus line. Therefore, 
by measuring the radius of curvature of the solidus and liquidus an estimation can be made 
on the freezing range near the congruent point. It should be noted that the temperarture and 
composition scales must be converted to equivalent length.  
This is especially useful since it is impossible to measure the freezing ranges from 
the phase diagram of Gokcen since it becomes so narrow near the congruent composition 
[18]. While this equation was derived as an approximation it is important to actually look 
at the degree of error and limitations of this equation. It can be imagined that assuming the 
shape of the solidus and liquidus as circular is only a good approximation over a limited 
composition range. It is important to see over what composition range this leads to a 
reasonable approximation.  
It has been stated that a parabola or ellipse may be a better alternative to the shape 
of the solidus and liquidus lines near a congruent point [4, 19]. For this reason, a parabolic 
equation will be used to evaluate the freezing range as well. To develop and evaluate these 
equations we will assume that the phase diagram from Gokcen et al.[18] is absolutely 
accurate and will try to replicate the values found on it. The freezing range will be 




calculated by creating a line of best fit for the liquidus and solidus and then the difference 
will be taken. Compositions and temperatures will be measured off the phase diagram after 
the diagram is blown up and from compositions which can still have the temperatures 
resolved. The form of these equations will be as follows: 
 
 
where Cc is the congruent composition, Tc is the congruent temperature, a and b are fitting 
constants. This equation with be fit for both sides of the congruent composition to better 
deal with the asymmetry of the congruent point. The limitations of each of these equations 
will be discussed. Each of these have a different level of complexity and accuracy and this 
needs to be addressed. If the differences are not that great then simplicity may be a more 
important factor.  
This was just one simple example of how common solidification assumptions 
cannot be used when working with near congruent systems. For this reason it is important 
to explore in more detail the differences between the congruent system and other systems 
that are more commonly studied. By making a thorough comparison between the near 
congruent system and more conventional systems, adjustments can be made to current 
theory to account for these thermodynamic differences like in the example above. Also by 
knowing the differences it can be made sure that theory that use assumptions that are 
































Figure 2.4 Etched microstructures of near congruent alloys cast in the dilution 





2.3 Experimental Procedure 
As mentioned in the background, one goals of this work is to distinguish the Cc more 
tightly by observing changes in solidification morphology, possibly planar-to-cellular, but 
certainly cellular-to-dendritic. Another goal is to look at the effect of different mold 
materials on the solidification morphology. This will be done by taking a closer look at 
alloys near the Cc. For better composition control Vacuum Induction Melting (VIM) will 
be used to perform the melting. An oxide crucible will be used to completely eliminate the 
possibility of contamination with carbon. Alloys will be cast into a composite mold that 
displays two different cooling rates, allowing for the effect of two different cooling 
conditions at the same composition and superheat. 
Compositions were selected as to get a casting as close to the congruent composition 
as possible. This was judged through observation of the solidification structure. The initial 
compositions that were to be cast were 34 wt% Mn, 34.6 wt% Mn, and 35 wt% Mn. After 
observing the cast microstructure a casting was also done at 35.5 wt% Mn. To compare the 
solidification structure of different binary systems castings were also done with a target of 
Cu-38 wt% Mn, Cu-1 wt% Ni, and Cu-.5 wt% Mn. These compositions were selected since 
they display the same equilibrium freezing range. 
To get the different cooling conditions the mold was made out of plaster, with an 
open bottom, and placed on a water-chilled copper plate. A schematic of this composite 
mold is shown in Figure 2.5. To fabricate the mold a 7.6 cm diameter by 10 cm long 
stainless steel flask was used. A rubber sprue base was put on the bottom of the flask. A 
1.9 cm diameter fused silica tube was placed inside the flask. By placing the tube on top of 




rubber, placing the tube snuggly on top of it made a secure seal. For the plaster, 965 
investment plaster from Ransom & Randolph™  was used. The powder was mixed with 
water at a 100:28 ratio by weight. After stirring the slurry, it was poured into the flask and 
allowed to set. After the plaster had dried (stopped feeling cold to the touch ~7 days) the 
rubber sprue base was pulled off and the mold in the flask was heated at 75 oC/h to 750 oC, 













Castings were performed in a Balzer Vacuum Induction Furnace (VIM). The vacuum 
was taken down to 0.05 torr and then back filled to a pressure of -300 torr with argon gas. 
This was used to limit compositional deviations during casting. The furnace was back filled 
with argon to limit the loss of elements (primarily Mn) to vaporization. To evaluate the 
pour temperature and assure that the superheat is kept relatively constant, temperature was 




measured using an OMEGA™ optical pyrometer. The pours were done at a pour 
temperature  1200 oC  ± 20 oC. The same Cu and Mn as used in air melting were melted in 
a high purity alumina crucible (99.9). 
After sectioning the ingots were then ground on silicon carbide paper to a grit of 
1200. Diamond polishing was performed on a napped cloth with 6 µm paste and then final 
polishing was performed on a napped cloth with 0.05-µm alumina slurry. To observe the 
solidification structure the alloy had to be etched. Due to the small amount of 
microsegregation much was put into evaluating the correct etchant that would give the right 
response. Many combinations of acids, bases, and salts were tried. The most effective 
etchant was a solution of 50 g iron (III) chloride, 50 ml concentrated hydrochloric acid and 













2.4 Results and Discussion 
2.4.1 Calculating Freezing Range 
The radius of curvature was selected graphically from an enlargement of the Cu-
Mn diagram from Gocken. The criterion was that the circles were tangent at the congruent 
point. As for the asymmetric parabola, points were measured off the Cu-Mn phase diagram 
and plotted in a plotting software. The line of best fit was then calculated. Table 2.1 shows 
the fitting parameters of the functions as well as the radius of curvatures selected for the 
tangent circle method. Table 2.2 shows the freezing ranges calculated from these two 
different methods. To further evaluate the accuracy of these two method, each method is 
plotted (data points) on top of a tracing of the Cu-Mn congruent minima (solid lines) in 













Table 2.1. The fitting parameters for the equation to describe the solidus 
and liquidus. The radius of curvature used for the tangent circle method is 








Freezing Range (K)  
Circle  
Freezing Range (K) 
Asymmetric Parabola Fit 
20.0 79.63 34.11 
24.6 29.92 10.73 
30.0 5.68 4.06 
32.0 1.78 1.31 
34.1 0.07 0.05 
34.6 0.00 0.00 
35.1 0.07 0.09 
37.0 1.52 1.79 
39.0 5.19 5.32 
44.6 29.92 7.64 














Table 2.2 Comparison of freezing range comparison for circular and parabolic 








Figure 2.6. Comparison of the two methods to calculate the freezing range plotted on top of a 
sketch of the congruent minimum in the Cu-Mn systerm: tangent circle (A) and asymmetric 




























Table 2.2 shows that the freezing ranges are very similar for both methods. It isn’t 
until the composition deviates from the congruent composition by about 5 wt % that the 
freezing range values deviate by more than 1 oC. After this point though, the freezing range 
in the tangent circles increases drastically in comparison to both the asymmetric parabolic 
fit and the phase diagram of Gokcen. It is interesting that the freezing range is this accurate 
over a rather large composition range  after comparing Figure 2.6 A and B. Here it can 
been seen that the tangent circle method does not fit the liquidus and solidus lines as well 
as the asymmetric parabolic fit. 
It should be noted that while the tangent circles is not as accurate over a large 
composition range, it is also far easier to use than the parabola fit, which still makes it a 
valuable tool. Also the liquidus and solidus lines can be more uncertain than either of these 
fitting methods. Measuring the freezing range near the congruent composition is difficult 
and a fundamental problem of congruent systems. 
 By using the solidus and liquidus lines from the above asymmetric parabolic fit, the 
partition coefficient can be plotted as a function of temperature, Fig. 2.7. By looking at this 
figure the asymmetry of the congruent minima from the diagram by Gokcen et al. is 
highlighted. The copper side has a smaller partition coefficient at the same compositional 
deviation increases linear and then exponentially increases around 880 oC. The manganese 
side has a linear increase as it moves toward s the congruent composition. This should lead 
a differences in solidification depending on what side of the congruent point the alloy 
composition is. This should not be an issue in this study though since the partitions are not 
































2.4.2 Macrostructure of Near-Congruent Cu-Mn Alloy in Composite Mold 
After sectioning, polishing, and etching, optical microscopy of the microstructure 
reveals that the grains that grow from the bottom of the ingot, the face touching the water-
cooled copper mold, are columnar all the way until they make contact with the pipe, Figure 
2.8. They are slightly angled towards the centerline. They start at a very fine grain width 
1.3 mm and coarsen as they move inward until they display a width of 2.7 mm. From Figure 
2.8 it can be seen that the alloy shows a deep pipe typical for narrow freezing range 
alloys[20]. The pipe goes down about 3 cm from the top. The ingot also has some lateral 








































Figure 8.  
 
Figure 2.8 Axial section of the ingot vacuum cast at 35 wt% Mn alloy etched 





As for the grains growing radially towards the center they are much coarser. They 
start at 3.8 mm and go to 5.1 mm. They are hard to discern at the bottom of the ingot since 
they are impinged by the growth of the grains from the bottom due to the much lower 
conductivity of the plaster. The grains growing from the plaster mold do not always stay 
perpendicular to the plaster and start to turn upwards due to the changing direction of the 
highest thermal gradient. At the top of the casting, near the pipe, the grains stay 
perpendicular to the plaster, but closer to the bottom they are affected by the thermal 
gradient from the copper plate as well. 
The amount of Mn lost during the vacuum casting process ranges from about 0.5-1 
wt% Mn. The measured composition verse target composition is shown in Table 2.3. It is 
interesting that this amount of loss is pretty similar to the amount of manganese loss in the 
open air induction melting. It is thought that this is due to a different effect than the reason 
for loss in open air. Since the alumina crucible is not conductive, compared to the SiC 
crucible used in open air, it does not get as hot. This lead to a difficulty of melting all the 
manganese that was in contact with the crucible, since manganese itself is not overly 
conductive. Sometimes the flake would stay fused to the crucible. While the flakes are 
small, the charge is not that large and a couple flakes can have a measureable effect on the 
composition. As seen in our previous work on the near congruent copper-manganese alloys 

























Table 2.3 Comparison of the target composition and measured 




2.4.3 Microstructure of Near-Congruent Cu-Mn Alloy 
2.4.3.1 Water-Chilled Copper Side 
The alloy solidifies in a cellular manner starting at the bottom. Near the bottom the 
structure is a very fine cellular structure with a cell size of ~13 µm, Figure 2.9A. The alloy 
increases and grows in cell size all the way until it hits the pipe shrinkage at a cell size of 
~50 µm, Fig 2.9B. This was the common microstructure in all of the Cu-Mn alloys except 
for the alloy with the target composition of 38 wt % Mn.  
The alloy cast 38 wt% Mn started solidifying in a similar manner as the other alloys 
but did not have complete cellular solidification all the way to the pipe. At 6 mm the 
formation of secondary arms started, Fig. 2.10A, and then the morphology went to 95% 
dendritic at around 10 mm, completing the cellular to dendritic transtion (Fig 2.10B). This 
continuous transformation instead of a discrete transformation has been noted by other 
investigators in concern with the cellular – dendritic transition [9, 10, 14, 15]. It is also 




































Figure 2.9 Solidification microstructure typical of the grains that solidify from the 





























Figure 2.10 Cast microstructures from the alloy cast at 38 wt % Mn displaying the 




2.4.3.2 Plaster Side 
The solidification microstructure from the plaster side is much more complex than 
that of the solidification structure coming from the copper bottom. The solidification 
morphology not only depends on the composition but also depends on the position along 
the ingot. At the bottom the plaster side is primarily dominated by solidification from the 
copper mold while up near the pipe the solidification of the plaster wall is independent of 
solidification happening on the copper mold. 
2.4.3.2.1 Effect of Composition 
To gauge the effect of composition, alloys were evaluated at the top near the pipe 
to keep the solidification as 1 dimensional as possible to look for the degree of cellular 
solidification. Here the grains grow perpendicular to the plaster wall. The cells are much 
coarser (~150 µm) than the cells that have grown from the copper side (13-50 µm). 
Typically the cellular breakdown can be observed and then finally the cellular structure 
breaks down and becomes dendritic (Fig. 2.11A). As solidification continues towards the 
centerline the structure continues to refine (Fig. 2.11B). This may be due to the geometry 
but appears to be an effect of the heat transfer from the copper bottom starting to effect the 
grains growing from the plaster mold. The position of the cellular to dendritic transitition 
did not vary strongly with composition but the amount of cellular solidification did seem 






























Figure 2.11 Micrograph that shows the typical solidification structure from the plaster 
wall. This micrograph is from the alloy cast at 34.6 wt% Mn and is from the outer 








Only one alloy did not solidify in a mostly dendritic manner and that is the alloy 
that was cast to be at 35 but had and actual composition of 34.4. The solidification 
morphology of this alloy is shown in Figure 2.12. This alloy retained cellular solidification 
all the way through. Figure 2.12 A shows the start of solidification at the wall and Figure 
2.12 B + C shows how solidification continues until it reaches the base of the shrinkage 
pipe. Figure 2.12 D shows that this was not just one grain but that all the grains shows this 
solidification morphology. From the structure it can be seen that some perturbations start 
to develop on the cells, but never develop into secondary arms before refinement. This was 






































Figure 2.12 Micrographs displaying the refinement of the solidification structure that is 
observed as the grains from the plaster wall grow towards the centerline. The top 
structure is from the alloy cast at 35.5 wt % (A) Mn showing a mildy dendritic structure 







2.4.3.2.2 Effect of Position 
Due to the fact that the heat transfer is not in one direction throughout the whole 
length of the mold the solidification morphology becomes more complex in the grains 
growing from the plaster mold. Near the bottom the heat transfer from the base dominates 
even right next to the plaster wall. When moving up the ingot the position where the 
morphology is effected by the second direction of heat transfer moves towards the center 
of the ingot. Figure 2.13 shows some of the morphologies that form in these affected region 
in the same alloy at different positions. An example of the effect that the two cooling 
directions has can be seen in Fig. 2.13 (A+B). Fig. 2.13A is right against the wall while 
2.13 B is closer to the centerline. At first this looks like it may be dendritic, but after further 
observation it can be seen that the secondary arms are only on one side, leading to the idea 
that the change in cooling direction is the primary reason these form. This is backed by the 
fact that this is from the 35 wt %Mn alloy which was shown to solidify as fully cellular 













2.4.4 Effect of Mold Material on Solidification Morphology 
With the results of the solidification morphology when cast against a plaster mold 
and the water chilled copper plate, an overall trend can be established for the effect of mold 
material on the cellular-to-dendritic transition. In this work and the work in chapter 1, 
castings have been poured in plaster, sand, iron, and water-chilled copper molds, which are 
in increasing order of thermal conductivity and cover a wide spectrum of thermal 
conductivities. The more conductive the mold the more cellular solidification that was 
observed for a given alloy. While this trend was shown in plaster vs. copper and iron vs. 
sand, the comparison between iron and water-chilled copper can be seen by comparing the 
position toward the centerline at which the cellular to dendritic transition happened in the 
iron mold ~1 mm to that of the position in the water chilled copper mold ~6 mm for alloys 
at 38.6 wt%Mn and 38 wt% Mn, respectively. While there is a small discrepancy in 
composition the difference in large enough to say that the trend holds. To date a direct 
comparison between sand and plaster has not been cast, but observations of alloys at similar 
composition lead to the hypothesis that it also follows the trend.  
This is observation is an interesting one since, as stated earlier, current theory states 
that the celluar-to-dendritic transition is not directly related to changes in the cooling rate. 
Typically when discussing the change in thermal conductivity of the mold, the cooling rate 
is normally the parameter that is discussed. For the cellular to dendritic transition it depends 
on the ratio of G/V, which does not necessarily have to change with cooling rate. This 




2.4.5 Congruent Composition Evaluation 
Table 6 shows the comparison of other values obtained recently by other 
investigators for the congruent composition. It can be seen that through observation of the 
morphology, the value obtained for the congruent composition from this work aligns very 
well with the previous established results[21,22] Using the solidification morphology of 
the ingot (mainly the side solidifying from the plaster wall) the composition was able to be 
determined with relatively high resolution (range of 1.7 wt% Mn). This resolution could 
most likely be increased, especially on the copper rich side, to an even finer value, but this 
is still a higher resolution than reported by Gokcen from his assessment (±1.4 wt% Mn, so 









Measuring the freezing range around the congruent point through thermal analysis 
is difficult due to how narrow the freezing range is compared to its resolution. This 
especially the case in a shallow congruent minimum like Cu-Mn. It should be noted that 
there are definitely some areas that may lead to inaccuracies in this approach, like change 
in the pour temperature which is why it was important that is was controlled in this study. 




A cursory study into the effect of the superheat on the solidification morphology showed 
that the effect of superheat was only noticed in castings with superheat difference of ~100 
oC. Another area of concern may arise from the use of EDS to determine the composition. 
While a large error is not expected since these alloys are rather concentrated and have a 
relatively high atomic number, the innacuracies of standardless EDS must be addressed. 
To gauge a better understanding of this work microanalysis is planned. With these two 
issues addressed though this method looks like a promising route to evaluation of the 
thermodynamic congruent point. 
 
2.4.6 Planer Solidification 
Due to the lack of the freezing range when solidified on the congruent composition, 
constrained growth should allow for planar growth due to lack of solutal undercooling. 
During this total body of work over 100 castings have been done near this composition, in 
air and vacuum, and at different compositions, but planar growth was never achieved. 
While most of the previous work was done in air, it was thought that the use of vacuum 
induction melting would allow for a limited loss on manganese and interaction with the 
atmosphere. This was thought as the best possibility to achieve solidification in a transient 
casting and it just does not appear to happen.  
Since theoretically it should be possible, it is important to discuss why it did not 
happen in this body of work. The most apparent possibility is the difference in the 
manganese composition from the congruent composition and the limited ability to control 
the composition, this will be discussed in the next section. It is also possible that even 




presence of an impurity may be what is driving the solutal undercooling. Until this point 
the alloying elements have been treated like pure materials in discussion but this is 
obviously not the case. Table 7 shows the impurities that are present in the manganese plate. 
Copper C110 also has impurities like oxygen (.04 nominal) and silver [23]. It can be seen 
that none of these impurities are too large but it does mean that fundamentally the alloy 
will never have a freezing point unless all these impurities are removed. It should be noted 
that due to the potent effect of Mn as deoxidizer, comparable to Zn, the oxygen level will 




















2.4.7 Solidification Morphology of Different Systems 
To compare the solidification morphology of different systems alloys were cast that 
displayed the same freezing range. Figure 2.13 shows the solidification morphology of the 
Cu-.5Mn and Cu-1Ni. The Cu-.5Mn is from the plaster wall, closer to the bottom, while 
the Cu-1Ni is from the grains growing from the copper chilled plate. These alloys showed 
and increased amount of cellular solidification when compared to the 38 wt % alloy, but 
did transition to dendritic in both the grains growing from the plaster and water chilled 
copper. By comparing the etched as-cast structure of the 38 wt % alloy (Fig 2.10 A+B) to 
the others, it can be seen that there are not many similarities in appearance (other than the 
cellular solidification) to the copper nickel system but there is a striking similarity to the 
Cu-0.5wt%Mn alloy. While the etching response is not very strong, which can be expected 
with the difference in composition between the first and last solid to form is at most 0.5 
wt %, it can be seen that the dilute Cu-Mn alloy has the rings around the cells similar to 



































Figure 2.14 The solidification morphology of the 






With these alloys displaying the same freezing range it may seem surprising that 
the near-congruent alloy displayed less cellular solidification than the dilute alloys when 
the near-congruent Cu-Mn alloys display cellular solidification in conventional casting 
while other engineering alloys do not. One thing that should be noted when discussing the 
cellular to dendritic transition in the dilute alloys verse that of the near congruent alloy is 
the difference in the diffusivity of the liquid. In these dilute alloys the diffusivity of the 
liquid is assumed to be 5x10-9 m2/s, e.g., Kurz and Fischer. In near congruent Cu-Mn alloy 
the diffusivity of the liquid was found to be 1.75x10-9 m2/s [4]. This means that at the same 
ratio of thermal gradient and velocity the dilute alloy can have a freezing range that is ~3x 
larger than the freezing range of the near congruent alloy before displaying solutal 
undercooling.  
The reason the near-congruent alloy displays cellular solidification in conventional 
casting has to do with the low curvature of the solidus and liquidus lines in this system. 
This means that even with rather large change in composition the freezing range does not 
change much. A prime example of this was displayed when looking at the alloys that were 
selected for this comparison. In the dilute Cu-Mn and Cu-Ni the deviation from the pure 
phase is 0.5 wt % and 1 wt %, respectively, to achieve the same freezing range as the 38 
wt% Mn alloy, which has a compositional deviation of 3.4 wt% from Cc. The fact that 
composition has a much smaller effect on freezing range is insightful. This and the fact that 
most conventional alloys are not simply binary, or even ternary, give some insight into the 





2.4.8 Distinct Etched Microstructure 
The appearance of the rings seen in the etched structure may just be the etching 
response, especially when comparing the etched microstructure of the dilute Cu-Mn alloy 
to that of the near congruent, but it is possible that this may be due to the ring regions 
sharing the exact same composition. Possibly, this structure may be representative of the 
fraction of solid that solidifies at the congruent compositions. Even if this is not the case it 
allows for the opportunity to look at how the alloy solidifies under Scheil assumptions 
compared to equilibrium conditions.  
To start the discussion of non-equilibrium solidification in a congruent system, the 
solidification of a eutectic system will be discussed so it can be used for comparison. Figure 
2.4 A shows this situation.  The first solid to form kCo. As solidification continues the 
composition of the solid at the interface follows the solidus line and the composition of the 
liquid follows the liquidus line. Due to the lack of diffusion in the solid the average 
composition of the solid follows the dashed line. This line approaches Co but never reaches 
it. This means that the composition of the liquid will continue to the eutectic even if Co is 
not in the two phase region. Therefore once the temperature reaches the eutectic 
temperature the rest of the liquid will freeze at the eutectic composition. This leaves the 









During near congruent solidification, like the eutectic, the composition of the solid 
follows the solidus line and the liquid follows the liquidus line Fig 2.4B. With 
nonequilibrium and Scheil assumptions being considered like before, which is a very safe 
assumption due to the slow kinetics reported in this system, the average composition 
follows the dotted lines and at the congruent temperature the remaining liquid solidifies at 
the congruent composition. This would lead to a structure that would show a primary 
cellular phase that is surrounded by solid that is all at the congruent composition. In the 
same way that a eutectic alloy can have a non-equilibrium volume fraction eutectic 
calculated, the amount of alloy that solidifies at the congruent composition can be 
calculated. With these results it can be seen if the distinct etching characteristic is 
representative of this volume fraction. 
 
2.4.8.1 Non-equilibrium Solidification Analysis 
For a conventional eutectic system the Scheil equation for fraction eutectic at the 
end of solidification is as follows: 
 
 
where CE is the eutectic composition, Co is the composition of the alloy, and k is the 
partition coefficient. From this equation it can be seen that as Co approaches CE the volume 
fraction of liquid that solidifies as eutectic at the end of solidification, increases.  This 
simple trend holds because the partition coefficient can be assumed to be constant in most 
systems. As for the congruent system, this is fundamentally different since the k is 




continually changing and approaching 1, where it reaches 1 at the congruent composition. 
Since an increase in the partition coefficient leads to a decrease in fraction eutectic, 
opposite effect of Co, it is important to develop a method for evaluating this trend in the 
near-congruent system. 
An alternative method has to be used to account for this varying partition coefficient. 
The derivation starts with the mass balance assumption made for the Scheil equation [1, 3]:  
                                                                                                                   
 
where Cl is the composition of the liquid and fs and are the fraction solid. Using the k(T) 
that was calculated in section 2.4.1, a Riemann Sum approach can be used to calculate the 
Cl  at increasing fraction solid (fs). The step size (dfs) used was 0.001. The corresponding 
temperatures for each Cl can be obtained off the phase diagram.  
An exact solution can also be derived for the fs as a function of liquidus composition 
or temperature as well, for the copper-rich side of the congruent point. This can be done 
but a function for the k(Cl) needs to be established. This can be done by using k(T) and 
substituting T(Cl) (asymmetric line of fit). With this in place the integral of both sides was 
taken and resulted in the final solution: 
 
 
where b = 8.91, c = 34.6, d =2.4 and cl and co are the composition of the liquid and the 
composition of the alloy.  
 
 
  𝐶𝐶𝑙𝑙(1 − 𝑘𝑘)𝑑𝑑𝑓𝑓𝑠𝑠 = (1 − 𝑓𝑓𝑠𝑠)𝑑𝑑𝐶𝐶𝑙𝑙 , 






The possibility of an exact solution on the copper rich side can be done because of 
the simplicity of the line of fit for the solidus line, liquidus line, and partition coefficient 
on this side of the congruent point (a=0 for solidus; b=0 for liquidus). When a more 
complex function is required to describe the curves it is hard to develop an exact solution, 
thus the importance of the development of the Riemann Sum method to calculate fraction 
solid. The Riemann Sum approach was also developed since it can handle shapes that are 
not quite as simple. Figure 2.15 shows the comparison between the two methods. It can be 
seen that these methods match very well. Since the exact solution should have higher 














Figure 2.15 Comparison of the Riemann Sum and 




The results of the exact solution for the volume fraction of solid are plotted against 
the composition of the liquid in Fig 2.15 (A+B). Figure 2.15 A shows the overall trend of 
these results, while Figure 2.15 B shows these results zoomed up near the congruent 
temperature to show clearly the volume fraction of solid that forms at the congruent 
composition. Table 2.6 also lists the fraction of liquid expected to solidify at the congruent 
phase. To compare to the exact solution, the average partition coefficient during 
solidification was calculated and then plugged into equation 2.3. 
 Primarily, these methods show that as the composition approaches the congruent 
composition that the volume fraction of “congruent phase” increases. This is similar to the 
trend in a eutectic system.  Secondly, by looking at table 2.6 it can be seen that these values 
are pretty similar and the average partition coefficient method seems lead to a larger 
fraction congruent phase as the exact solution. Still, it appears that using a constant average 











Table 2.6 The fraction of congruent phase expected to solidify during the non-
equilibrium solidification in the near-congruent alloy calculated by the average 




While the amount of congruent phase can be approximated from these assumptions 
the exact solution is required to show how the volume fraction solid forms with change in 
temperature Figure 2.16 (A+B). These curves are different than those commonly seen for 
dilute alloys or even ones near a eutectic (Fig. 2.16C). In the Al-1wt %Cu alloy most of 
the solidification happens at the beginning with very little fraction solid being added at the 
end. In the first 10 oC about 70 % of the alloys is solidified and the last 30 % solidifies over 
100 oC. As the amount of solute is increased, as seen in the Al-Cu example, the 
solidification becomes more spread out over the freezing range (15 wt%Cu). This means 
that the amount of solid that forms per oC approaches a constant value throughout the 
solidification process. This alloy is the closest analog to the near-congruent alloys. 
The near-congruent alloys shows an almost linear trend similar to the 15 wt%Cu 
alloy for most of the solidification process.  Where it differs from the 15 wt% Cu alloy is 
the line shows an opposite curvature, (concave vs convex) and has a different trend at the 
end of solidification. Both of these can be attributed to the shape of the Cu-Mn phase 
diagram and the changing partition coefficient. Due to the shallowness of the Cu-Mn 
congruent minimum, an increased amount of solid freezes over a smaller temperature range. 
The extreme example of this is right near to congruent point. Here the slope of the liquidus 
line is so low that it leads to an inflection in the curve. The amount of solidification that 
occurs after the inflection increases as the alloy composition approaches the congruent 




























 Figure 2.16 The results of the Scheil equation showing the 
composition of liquid and temperate plotted against the fraction 
solid (A+B). The tracing from Flemings solidification book of 









2.4.8.2 Comparison with Experiments 
Figure 2.16 shows micrographs of alloys with a measured composition of 27 wt% 
Mn 34.4 wt% Mn and 37.4 wt % Mn. These alloys from the copper side of the congruent 
the manganese side of the congruent and the alloy closest to the congruent point. By 
comparing the micrographs of the alloys with the graphs plotted in Fig. 2.16 it can be seen 
that volume fraction of the rings is not representative of the volume fraction predicted by 
the non-equilibrium analysis. The amount of alloy that is expected to solidify at the 
congruent composition is much larger than what is observed in the micrograph. As for the 
trend with composition. The plots predict that the volume fraction should increase as the 
composition approaches the congruent composition, similar to a eutectic, but this is not 
what is seen in the micrographs, Figure 2.17 (A-C). From observation it appears that the 
alloys with compositions farther from the congruent composition appear to have thicker 
rings, or more volume fraction of liquid solidifying at the congruent composition. While it 
is still possible that the rings are representative of the volume fraction that solidified at the 
congruent composition this does give evidence to the idea that this is primarily just an 

































Figure 2.17 The solidification morphology of 27 wt% Mn 









Table 2.7 Compositions that correspond to the freezing ranges plotted 
on the Kurz and Fischer schematic 
2.4.9 Kurz and Fischer Comparison 
As mentioned earlier, the Kurz and Fischer schematic is a standard when discussing 
the morphology that is developed during solidification. Since the near congruent alloy does 
not develop the typical solidification morphology seen in conventional castings it is 
interesting to set up this diagram to prescribe the solidification morphology at different 
ΔTo. The first thing that can be altered is the line for planar instability. As mentioned earlier, 
in the original diagram the diffusivity of the liquid used was 5x10-9 mm2/s, which is a good 
approximation for dilute alloys, but due to the high concentration of this alloy is not 
accurate. The diffusivity of the liquid for this system from Schievenbusch was used, 
1.75x10-9 mm2/s [4,5]. Also different freezing ranges were applied and then plotted on 
Figure 2.18. The compositions that this applies to is shown in Table 2.7 as a reference. It 
is interesting to note that based on this diagram the criterion to get some planar 








The other line that can be placed is that of the dashed line which describes the 
cellular to dendritic transition of the alloy measured to have a composition of 34.4 wt %Mn 
(cast at 35 wt %Mn). Assuming that the congruent composition of Gokcen is the true 
92 
composition, which seems to be further validated by this work, the closest alloy to the 
congruent composition displayed a freezing range of 0.008K. This alloy displayed cellular 
solidification for both the water chilled copper mold and plaster mold. In conventional 
castings these are the molds with the highest and lowest thermal conductivity 
conventionally used in casting. For this reason it is safe to assume that the cellular-to-
dendritic transition for this alloy would be above this line. It should be noted that this is a 
sketch, while it seems reasonable that the line would have the same slope as that for CS 















Figure 2.18 A schematic similar to Kurz and Fischer with a 









The purpose of this final work was to develop a better fundamental understanding of 
this system compared to more conventional systems and how an alloy based on the cu-mn 
congruent composition performs when cast in a conventional manner. The primary 
conclusions that were formed are: 
a) By increasing the thermal conductivity of the mold larger compositional 
deviations can be tolerated to achieve cellular solidification. 
b) Using the solidification morphology our experiments point towards a congruent 
composition that matches well with values obtained in previous investigations. 
c) The binary congruent minimum has some thermodynamic similarities with 
conventional systems but the fact that the partition coefficient and slope of the 
liquidus and solidus line approach one and zero respectively hinders the use of 
some common solidification assumptions. 
d) The tangent circle method to calculate the freezing range was evaluated and 
shown to be a good approximation over a small compositions but not as accurate 
as a parabolic or quadratic fit.  
e) To evaluate the apparent intercellular phase, an equation for the amount of solid 
that solidified at the congruent composition was evaluated by analysis of non-
equilibrium solidification near a congruent minimum. It was found that it did 
not match well with the coloration of the etched microstructure leading to the 




f) By placing experimental observations on the Kurz and Fischer diagram it can 
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CHAPTER 3. EFFECT OF NICKEL ADDITIONS ON SOLIDIFCATION 
STRUCTURE AND AGING RESPONSE ION COPPER-MANGANESE ALLOYS 
3.1 Introduction 
Work on the nominally binary Cu-Mn alloys in previous chapters showed that 
deviations from the congruent composition have led to a decreased amount of cellular 
solidification and onset of dendritic growth, whether it was Mn or an impurity like carbon. 
These deviations lead to an increased freezing range which limits cellular solidification. 
An alloying element that may not share this trend is nickel. Copper and nickel display 
complete solid solubility and do not form any secondary phases during casting [1]. Also 
the Ni-Mn binary phase diagram displays a congruent minimum very similar to that in the 
Cu-Mn system   (Fig. 3.1(A+B) [2-4]. They both have a shallow liquidus line, display 
partition coefficients that are near one before they equal one at the congruent point, and are 
at relatively high concentrations of solute[2-4]. The area of greatest interest though for this 
study is the ternary space of the Cu-Mn-Ni system between these two congruent points. 
A review of the literature does not give much insight into the relationship of the 
solidus and liquidus planes between two congruent points. This is most likely due to the 
fact that this is not a common feature in ternary diagrams. It is possible the region between 
the two congruent points could be isomorphous or even a connection of congruent points 
that stretch from the Cu-Mn to the Ni-Mn congruent points forming a “congruent line”. If 




possible. An evaluation of this system and the effect that is has on the solidification 
structure will provide some insight on these possibilities. It is important to not only evaluate 
what is happening in the Cu-Mn-Ni system but what can happen in a system like this 
between two binary minimums.  
Another benefit of Ni as an alloy addition is that it has been reported to lead to a 
strong aging response in Cu-Mn alloys [5-8]. Ideally, the addition of nickel would lead to 
an increase in strength, while still retaining the beneficial cellular solidification 
morphology. This could make this alloy an ideal casting alloy for structural applications. 
As an example, the lack of microshrinkage porosity with increased strength could make it 
a viable option for situations where fatigue is a concern. For this reason a thorough 
investigation of this system by evaluating the solidification morphology and aging 
response could lead to a better fundamental understand of this system and further alloy 
development. 






































Figure 3.1 The phase diagram of Cu-Mn redrawn by Goken [3] (A) as well 





3.2.1 Cu-Mn and Ni-Mn Phase Diagrams 
In the previous chapters it was noted that the most valid approximation of the Cu-
Mn congruent point was that of 38 at% Mn as evaluated by Gocken [3]. As for the 
evaluation of the Ni-Mn system, focusing on the solidus and liquidus lines, there has been 
a lot of investigations by different groups through thermal analysis to evaluate the 
thermodynamics of this system [9-12]. In the evaluation of the Ni-Mn system by Gokcen 
it was determined that the congruent composition was found at 38 at% Ni and 1273 K 
(1000 oC)[4]. The primary work cited by Gocken was Coles[9], who evaluated the system 
through use of thermal analysis. This work and values for the minimum were also 
corroborated by other investigators [10-12]. One difference between these two binary 
phase diagrams is the Cu-Mn phase diagram just shows the precipitation of the α(Mn) 
phase, while the Ni-Mn phase diagram is more complicated due to the presence of multiple 
intermediate phases. Details of the intermediate phases shown in the Ni-Mn phase diagram 








3.2.2 Cu-Mn-Ni Phase Diagram 
3.2.2.1 Available Data 
The liquidus surface has been evaluated by a couple investigators and appears to be 
the part of the Cu-Mn-Ni phase diagram with the most amount of work [13-16]. The 
liquidus plot of the copper-manganese-nickel system by Gupta, Figure 3.2, shows a 
maximum at the pure nickel and pure manganese corner [13]. It can also be seen that there 
is a minimum “trough” that runs between the two binary congruent points, Cu-Mn and Ni-
Mn. This path highlights the minimum in the liquidus surface. The liquidus temperature of 
the trough appears to decrease continously from the Ni-Mn congruent temperature to the 







































Figure 3.2 The liquidus projection traced from work by by Gupta. 
[13] 
Ni-Mn Congruent Point 




The work on the solidus is much more limited. Experimentally there are only a few 
investigators who have looked at this system. Experimentally, the primary investigator, 
Pavarro et al., evaluated the system in 1912, with a computational study of the system being 
done by Sun et al in 2009 [14, 16]. The summary of these bodies of work are shown in 
Figure 3.3. Figure 3.3A shows the liquidus projection of the Cu-Mn-Ni calculated by Sun 
et al.  Figures 3.3 B-F are isopleths of the Cu-Mn-Ni system that give insight to what is 
happening between the two congruent points with the lines being the results from 
computational data  found by Sun et al. and the points being from the experimental work 
of Pavarro et al. 
 From these figures it can be see that the data is somewhat conflicting showing an 
open freezing range, in some of the data and a series of congruent points in other regions 
through this “trough”. Also, in some of the isopleths, it can be seen that the minimum in 
the trough is at different compositions between the experimental and computational studies. 
Using the minima of these isopleths the trough is plotted on the liquidus projection showing 
the path of the trough from the Ni-Mn congruent point down to the Cu-Mn congruent point, 
Fig 3.3 A.  According to this data the trough does not follow a straight line between the 










It should be noted that both of these studies have issues that may affect the results 
they obtained. For Pavarro et al., the purity of manganese available in 1912 was much 
lower (~97%) than that of the manganese used in this study (99.9%) [5]. Whereas, Sun et 
al. noted their calculation were based on a limited amount of thermodynamic data for the 
liquid in this system, which is of obvious importance when trying to understand the 
freezing range. Even though there are these issues this appears to be the best available data 
for the compositions of the trough so the experimentation will use these compositions. 
Nevertheless, for this reason it was important to evaluate the possibility of a “congruent 














































Figure 3.3 A trace of the liquidus projection calculated from the work 
at Sun et al. with a trace of isopleths at 10 wt% Mn (B), 10 wt% Ni 





As mentioned earlier, the shape of the solidus and liquidus planes between two 
congruent points is not an area that is commonly discussed. Figure 3.4 A shows a schematic 
of the region in the Cu-Mn-Ni phase diagram created from the work of Schurmann [15]. 
From this schematic it appears that long this trough the freezing range appears to increase 
at it moves from the binary congruent point, reach a maximum value and then start 
decreasing as it approaches the other binary congruent point, Figure 3.4 B. Since the data 
from the work by Sun and Pavarro was not quite a straight forward about this region , as 
discussed in the previous section, other possibilities for the relationship between the solid 












































Figure 3.4 A trace of the liquidus and solidus planes of the Cu-Mn-Ni phase 
diagram from the work of Schurmann et al. [15] (A) with the different possibilities 
for the shape of the solidus and liquiudus lines between these planes: open freezing 




First, the possibility a ternary congruent line, which would look like Figure 3.4 C, 
will be discussed. If this is a possibility than this line would allow for the formation of 
cellular solidification, or possibly planar, all the way through the ternary phase diagram 
due to the narrow freezing range. While ternary congruent points are seen in literature there 
is no discussion on the thermodynamic possibility of a congruent line. To evaluate this 
possibility the Gibbs Phase rule was applied. Gibbs Phase rule in a system where pressure 
is held constant is as follows: 
P+F=1+C,   
 
where P=phases, F=degree of freedom, and C is the components. In a binary phase diagram 
the Gibbs phase rule for a congruent point is as follows: P=2, F=0, and C=1. The number 
of components is equal to one for a congruent point because the composition of the solid 
and liquid are the same and consists of the congruent composition, like a line compound 
or pure material[17,18].  
This is the same for a congruent point in a ternary phase diagram. If a “congruent 
line” were to exist then that would change the number of phases (P) to three and therefore 
violates the rule, meaning that this is not a thermodynamically sound possibility. An 
isomorphous or open region as shown by the sketch of Schurmann does not violate Gibb’s 
phase rule.  
With the confirmation of an open freezing range along the tough, an area that needs 
to be evaluated though is the magnitude of this freezing range. This is an area of 
disagreement in the work from Sun and Pavarro. A cursory evaluation of the isopleths in 




Ni isopleth shows a 10 oC freezing range while the work by Sun shows almost no freezing 
range.  It is possible that through the solidification morphology, like chapter 2, some insight 
can be given to this area. 
 It should be noted that a ternary congruent point is thermodynamically sound 
option for this region, Figure 3.4 D. As was stated in the first section, the liquidus plane is 
the area that has been the most studied in this system. None of the work shows a minimum 
in the liquidus between the congruent points. For a ternary congruent minimum to exist it 
would have to be at a temperature below the congruent temperature of both binary 
congruent minima. The presence of a ternary congruent point can further be commented 
on after casting composition along the trough and observing the microstructure. 














3.2.3 Age Hardening of Cu-Mn-Ni System 
There has been some previous work on copper-manganese-nickel system, with the 
primary scope being on the development of age-hardening alloys. The most extensive work 
was done by Dean et al [5-8]. Their work, Fig 3.5, showed that there were two distinct 
regions that showed age-hardening. One region corresponds to the formation of the NiMn 
phase and the other is due to the formation of the α(Mn) phase. The NiMn phase was shown 
to be a very potent strengthener leading to large increases in strength. The maximum 
strength obtained was along the region where Ni-Mn ratio was closest to 1:1. In many of 
the alloys very high hardnesses were achieved, e.g. 50 HRC. While the strength in this 
region is well documented in their study there is very little work in the region strengthened 
by the presence of α(Mn) so more data needs to be obtained in the region to gauge its 
potency. Alloys at different compositions in this region were cast to gain a better 




























The alloys in the Dean et al. study where wrought, put through a solution treatment 
and then aged which makes it distinctly different than the alloys to be used in this study. 
This study culminated in the patent 720 alloy which has the composition Cu-20Mn-20Ni 
[6, 7]. This alloy showed the optimum amount of age response to ductility. This alloy was 
designed as the direct competition of the Cu-Be alloys which are the gold standard for 
copper age hardening alloy. Through correct aging process the Cu-Be alloy can exhibit 
very high strengths 1105 MPa, ~410 HV[20]. One of the most obvious downfalls of the 
Cu-Be alloy is the presence of beryllium which is toxic to handle and a known carcinogen 
[21].  
Figure 3.5 The compositions evaluated in this study plotted on the Cu-Ni-Mn ternary 





Since the alloys in Dean et al.’s study were used in the wrought form and put 
through a solution treatment [5-8], a secondary aspect of this study will be to evaluate if 
the as-cast structure has a beneficial or negative effect on the age-hardening of the alloy. 
In the figure summarizing Dean et al.’s it can be seen that two regions were found to display 
an age hardening response, Figure 3.5. This figure, also has the compositions that the 
trough runs through from the work of Sun et al. and Pavarro et al. labeled on it for reference. 
From the figure it can be seen that only a few of the alloys along the trough fall in the age 
hardenable regions. 
 Even though a lot of the compositions in the trough are not in the region, it is 
possible that due to the  microsegregation that happens during solidification that either the 
first solid to form or liquid to solidify may fall in one of the age hardenable regions. 
Therefore by aging the alloy in the as-cast condition it may allow for alloys that may have 
not displayed an age hardening response in the homogenized condition, work by Dean et 
al.., to be hardenable in the cast condition, therefore increasing the regions that actually 
hardenable. A negative effect though of using the alloy in the as-cast condition is that a 
solution treatment has not been performed. This means that some of the precipitation may 
have already occurred while cooling after solidification and not all the NiMn is in solution. 







3.3 Experimental Procedures 
1-kg melts of the different composition were prepared in an open-air induction 
furnace. The compositions evaluated in this study are labeled on the Cu-Mn-Ni ternary 
phase diagram on top of the schematic from Dean et al.’s work in Figure 3.5 and listed in 
Table 3.1. The alloys were melted in fire clay (Al203-SiO2) crucibles to limit reaction with 
the crucible. The elements to make up each of the alloys were placed in the crucible 
together before starting the melting process.  C110 (99.9 wt %, .04 wt % oxygen max) 
copper scrap parts were used, 99.9 wt % pure nickel shot was the source of nickel, and 
electrolytic plate (99.9 wt %, metallic) manganese was used for the manganese additions. 
At temperatures between 1423 and 1473 K (1150 to 1200 °C) the molten alloy was poured 
into a steel mold to form ingots that were 10 cm tall and had a diameter of 2.5 cm. This is 














For optical microscopy the ingots were cut with an abrasive saw. The parts were then 
ground on a polishing wheel with silicon carbide paper (320 to 600 grit). Parts were then 
polished with 6-μm diamond paste with the final polish being performed with 0.05 μm 
alumina slurry on napped cloths. The same etchant that was used in chapter 1 was used for 
these alloys. Further evaluation of the as-cast samples were done through scanning electron 
microscopy (SEM).  An FEI® XL40 SEM was used with an acceleration voltage of 15 
keV. To evaluate the composition of the alloys and melts energy dispersive X-ray 
spectroscopy (EDS) in an FEI® XL40 SEM using a thin window detector (EDAX® ESEM 
2020) was utilized. An accelerating voltage of 15 keV with an area analysis was used to 
make the measurements to evaluate the overall composition. The analysis of the 
compositions was done using the EDAX program. Standardless analysis was chosen as 
evaluation technique using Standard Element Coefficients (SEC) provided by the EDAX 
software.   
For this study both an aging and solution treatment were performed in a box furnace. 
The solution treatment was performed at 1023 K (750 oC). For the aging treatments, the 
furnace was set to 723 K (450 oC) and held for 1, 10, 20, 50 and 100 h. To double check 
the temperature inside the furnace, a K-type thermocouple attached to an Omega® 
HH806AU reader was used to monitor and measure the temperature. During the heat 
treatments the temperature did not vary by more than 15 K. The samples, which are the 
same that was used for optical and electron microscopy, were ~ 1 cm thick section. They 
were cut transversely from the as-cast slugs. Vickers hardness testing was conducted using 
a LECO®, LV-100 hardness testing apparatus. Each sample was tested 5 times with a load 













 Target    Measured  
Cu Mn Ni  Cu Mn Ni 
65.4 34.6 0  65.7 34.3 0 
57 43 0  57.9 42.1 0 
57 43 0  60.45 39.55 0 
56 42.5 1.5  57.4 40.1 2.5 
55 40 5  56.7 37.5 5.8 
50 40 10  53.9 37.0 9.1 
45 45 10  47.7 42.9 9.4 
30 50 20  21.3 46.4 32.3 
20 50 30  21.1 47.6 31.3 
10 50 40  10.9 48 41.1 












3.4 Results and Discussion 
3.4.1 As-Cast Macrostructure of Cu-Mn-Ni Alloys 
The as-cast macrostructure displayed a radial columnar grain structure typical of 
the Cu-Mn alloys cast in a conductive mold. The grains themselves were about 1.5 mm in 
the direction perpendicular to the growth direction and grew all the way to the center of the 
ingot, ~1 cm. In some of the ingots there was some centerline porosity, which commonly 
was a continuation of the pipe shrinkage. These macroporosity defects are common in 
narrow freezing range alloys. 
After evaluation of the composition through EDS it was found that there was little 
change in composition after the melting process. Table 3.1 shows a comparison of the 
target composition and that of the actual composition after casting as measured through 
EDS. Manganese was the primary element that experienced any loss in the process casting 
process with compositional variation of ~2 wt%. Since manganese is the most 
volatile/reactive element in the alloy it is expected that the higher the manganese content, 
the more loss due to the higher activity. This is also expected to be exacerbated by the fact 











3.4.2 As-Cast Microstructure 
Overall all the alloys showed a relatively fine cellular/mildly dendritic structure 
(Figure 3.6A+B). The cellular structure had a primary spacing of ~12 µm and the dendritic 
~ 30 µm. It is expected that the cellular spacing would be smaller than that of the dendritic 
spacing due to a lack of secondary arms. The as-cast microstructure varied in the cast alloys 
from 100% cellular to less than 5% of the cross-section being cellular, Table 3.2. The Cu-
Mn binary congruent was 100% cellular with the binary Ni-Mn congruent alloy displaying 
the next highest amount of cellular solidification at ~80%. This is to be expected since 
ideally the alloys at these compositions do not display a freezing range but, a freezing point 
like a pure material. Theoretically these alloys should solidify as a planar front under 
constrained growth where there would be no instability due to solutal undercooling, but as 
seen previously in this study even small variations in composition during this conventional 
solidification process lead to the formation of cellular solidification in conductive molds. 
That being noted, though, it was surprising that the solidification was not completely 
cellular in the Ni-Mn alloy. The most obvious answer to this was the increased loss of 
manganese during the casting process. In a previous work it was found that around the 
congruent point the loss of complete cellular solidification happened about ± 1.5 wt %Mn 
and the Ni-Mn congruent alloy shows a deviation from the congruent composition of 2.4 









Table 3.2 The degree of cellular solidification obtained in each alloy                  
 
Alloy Degree Cellular 
Cu-Mn-Ni (wt %) (Area %) 



















































30Cu-30Mn-20Ni  (B) 
Figure 3.6 A micrograph of Cu-40Mn-10Ni showing solidification typical 
of the cellular structure found in this study as well as a micrograph of Cu-




The increased activity of manganese in Ni-Mn congruent alloy (60 wt %Mn) would 
lead to an increased amount of loss during casting. As opposed to the Cu-Mn alloy where 
Cu (the less reactive element) is the major constituent, the Ni-Mn congruent alloy is a 
majority manganese. It also should be noted that due to the higher melting temperature of 
the alloy, 1293 K (1020 oC) vs. 1146 K (873 oC), the alloy is processed at a higher 
temperature which would also increase loss.  
The alloys that ran along the trough had a smaller amount of cellular solidification than 
the congruent points. The ternary alloys along the trough still had a larger amount of 
cellular structure than that of the alloys cast outside of the trough (Cu-42Mn, Cu-40Mn, 
and Cu-42.5Mn-1.5Ni). The high manganese copper alloy (Cu-42Mn) showed almost no 
cellular solidification at all. As expected the freezing ranges are narrower along this trough 
connecting the two congruent points than they are outside of it.  
In the background, it was mentioned that by looking at the solidification microstructure  
more insight could be given on the possibility of a ternary congruent point along the trough 
in this system. Since the amount of cellular solidification was so little along this trough it 
can be inferred that there does not appear to be one along this pseudo binary. If one was to 
exist then a higher degree of cellular solidification would have been observed. There would 
have also been some sort of trend when moving along the trough, increasing the degree of 
cellular and then decreasing after the point was reached. This leads to the conclusion that 
along these compositions the alloy appears to be isomorphous. 
3.4.3 Microshrinkage Porosity and Cracks 
For use of this alloy in engineering applications the primary importance of the cellular 




characteristic of this morphology. The lack of microshrinkage porosity is beneficial for the 
mechanical properties of this alloy, especially the ductility and fatigue resistance. The 
increased permeability of this morphology is due to the lack of secondary and tertiary arms 
characteristic of most dendritic solidification. As for this study, an important observation 
was that even though all the alloys, other than the Cu-Mn congruent, showed a combination 
of columnar and mildly dendritic microstructure, none of the alloys displayed the formation 
of shrinkage porosity. This means that the freezing range was narrow enough, and the 
permeability of the mushy zone high enough, to allow for liquid to compensate for the 
change in density that occurs during solidification. All shrinkage appeared to be 
compensated through the evolution of the macroshrinkage porosity, like the pipe and 















Another interesting observation of the as-cast structure was the formation of cracks that 
could be observed in the high nickel alloys (>30 wt% Ni), Figure 3.7. These cracks were 
observed in some of the parts after they were prepared for optical observation and hardness 
testing. Primarily, the cracks seem to run parallel to the grain structure towards the 
centerline. As can be seen in Figure 3.7, some of the cracks not only run parallel with the 
grain structure but branch and run perpendicular to grain structure and parallel with the 
outer edge of the cast. This leads to the idea that this was not a solidification defect like hot 
tearing or cold cracking but something else. It is important to discuss these crack though 
because these castings are not in regions deemed brittle by other investigations. This will 

















3.4.4 Effect of Nickel on As-Cast Hardness 
Through evaluation of the as-cast hardness, Table 3.3, it can be seen that Nickel has 
very little effectiveness as a solid solution strengthener. In comparison to the Cu-Mn 
congruent alloy it can be seen that in all of the Cu-Mn-Ni alloys the increase in strength in 
the as-cast condition is at most around 20%. Furthermore, even that strength increase is 
most likely due to the increase in percentage of the alloy that is manganese, which in 
previous work was found to be a relatively potent solid solution strengthener.  
 
Table 3.3 Summary of as-cast hardness and peak hardness of alloys in this study 
 
Alloy As-Cast Vickers Hardness Peak-“Aged” Vickers Hardness 
(Cu-Mn-Ni) (kg/mm2) (kg/mm2) 
65-35-0 93 111±0.5 
58-42-0 99 207±2 
60-40-0 94 162±3 
56-42.5-1.5 99 146±7 
56-39-5 94 106±2 
50-40-10 98 106±3 
45-45-10 99 106±3 
30-50-20 106 107±3 
20-50-30 140 387±12 
20-50-30 (900°C Soln.) 115 372±24 
10-50-40 323 418±9 
0-60-40 129 480±10 
0-60-40 (900°C Soln.)  
Furnace Cool 399 n/a 
0-60-40 (900°C Soln.)  
Water Quench 138 570±38 






3.4.5 Aging Response 
As stated earlier, the work by Dean et al. showed there are two regions found 
hardenable with different strengthening phases. The lower nickel content alloys along the 
trough (0-20% Ni) are thought to be strengthened by the presence of α-Mn. While not all 
these alloys are in this region show as hardenable by Dean et al., they are the ones that 
would be the closest to the trough. The higher nickel content alloys (> 20 wt %Ni) are in 
the region that shows the precipitation and strengthening of the NiMn phase. Not only do 
these two different categories precipitate different phases, they also have a different 
mechanical response, so it is best to separate them to not only discuss the aging response  
but as-cast and aged microstructure as well. Both of the categories have benefits and 
hinderances. The peak-aged hardnesses are shown in Table 3.3.  
3.4.5.1 Aging Response of Low Nickel Alloys 
During an initial exploratory study into the Cu-Mn-Ni system, a group of alloys to 
be called “Low Nickel” alloys, (Ni< 20wt %), were evaluated to look at the cast structure 
and age-hardening[22]. In the low nickel alloy region the α(Mn) phase is the primary 
strengthening phase. In Figure 3.7A it can seen that only one of the alloys (Cu-42Mn) alloy 
showed a strong aging response, even though some phase diagrams prescribed the presence 
of α(Mn) at 450 °C for the other alloys along the trough. This was due to the presence of 
the α(Mn) phase that was observed in alloy inside of the dendrite cores and confirmed 
through XRD in previous work[22]. Any slight aging response for the other alloys, 
including the binary congruent point was thought to be due to the presence of a very small 




same phase that was believed to be responsible for the small again response (~20%) in the 
near congruent alloy. 
 
To further evaluate the effect of Ni in these “Low Nickel” alloys, two further 
castings were done that had compostions inside of the α(Mn) hardenable regions. This was 
especially important since this is a region that Dean et al. did not focus on in their study of 
the ternary system [5-8]. The first casting was the Cu-42.5Mn-1.5Ni alloy. This 
composition was selected since it has a similar Cu-Mn ratio as the Cu-42Mn alloy, but also 
the presence of Nickel. From the chart it can be seen that the second alloy was initially 
targeted to have the same composition as the Cu-42Mn alloy, primarily for repeatability, 
but displayed a larger than average loss of manganese leading to a composition that 
measured as Cu-40Mn.  
By comparing the Cu-42Mn alloy to the Cu-42.5Mn-1.5Ni alloy in Figure 36B, it 
can be seen that the presence of Ni does not aid in the aging response and actually has an 
aging response less than that of the even lower manganese containing alloy Cu-40Mn. An 
explanation for this can be made by the fact that the ternary phase diagrams indicate that 
the increase of nickel leads to an increased solubility of Mn in the γ(Cu,Mn,Ni) which will 
lower the volume fraction of  α(Mn) that is formed on aging [24]. One benefit that nickel 
could add in the scope of this study was to narrow the freezing range, leading to a higher 
degree of cellular solidification. Looking at Table 1 it can be seen that this was not the case 
and that there is a very little difference in degree of cellular solidification. From this 
evaluation it seems that the use of nickel is not warranted in the “Low Nickel” region for 




As for the effect of manganese on the aging response of the binary alloy, Figure 3.7 
B shows through the comparison of Cu-42Mn and Cu-40Mn that the increase in manganese 
does lead to an increase in aging response, as expected. It is interesting though how drastic 
the change is for a relatively small difference in composition leading to a peak hardness of 
207 vs 162 kg/mm2 . This increase in hardness does come at a cost though. By looking at 
the Cu-Mn binary phase diagram it can be seen that an increase in Mn leads to an increase 
in freezing range. This is reflected in the degree of cellular solidification difference in these 
alloys table. This means that the ideal amount of manganese will depend on the application 



























































Figure 3.8 The aging response of various alloys: the low nickel alloys in 
the trough (A), the low nickel alloys in the α(Mn) hardenable region (B), 





3.4.5.2 Aging of High Nickel Alloys 
Aged microstructure seems to be not too dissimilar from the as-cast structure at this 
magnification, Figure 3.9A and 3.9B. When varying from 1 to 100 h heat treatment it can 
be seen that the etching response appears less and less. This hints to the idea that the 
microsegregation is decreasing, but still seems to be present. From previous work it can be 
seen that these alloys were found to have the most potent aging response [5-8]. The aging 
response is so much that some of these alloys with large amount of NiMn were shown to 
be brittle in the aged form. The aging response of these alloys can be seen in Figure 3.8 C. 
The Cu-50Mn-30Ni and Ni-60Mn alloys showed a strong age-hardening response with the 
strongest alloy, the Ni-Mn congruent alloy, showing an aging response of almost four fold 
increase in hardness. The Cu-50Mn-40Ni alloy on the other hand does not show much of 
an aging response. Instead this alloy showed an as-cast hardness of 303 and only increased 
in hardenss about 25%. This is likely due to the high volume fraction of NiMn that 
precipitated during cooling after being cast.  Figure 3.8 D shows a comparison of the aging 
response of these high nickel alloys, Cu-50Mn-30Ni and Mn-40Ni alloys, to the low nickel 










As a secondary note, the Cu-50Mn-40Ni alloy is in the region deemed brittle, unlike 
the binary Ni-Mn alloy and Cu-50Mn-20Ni alloy.Since only hardness tests were done and 
there appeared no obvious signs of brittle behavior, like cracks forming during hardness 
testing. It should also be not clear how the regions were deemed “brittle” by Dean et al., 
since they only performed hardness tests as well. Since they swagged and deformed the 
alloy, it is possible that the alloy was not possible to deform. Of course this alloy did show 
large scale cracking, but this was found in the Cu-50Mn-30Ni and Mn-40Ni alloys as well 












































Figure 3.9 The etched microstructure before aging 




In a conventional aging treatment a solution treatment is done before the aging 
treatment. In this study it was thought prudent to experiment and see if the castings could 
be aged in the as-cast condition first and then compare them to the results of the solution 
treated samples. It seemed reasonable this alloy would not require to solution treatment to 
super saturate the γ(Cu,Mn,Ni) phase since the precipitation kinetics in this system have 
been shown to be sluggish. As a benefit of aging in the cast condition, not only is it possible 
that microsegration may allow alloys to age that may not be age hardenable in the wrought 
solutioned condition but being able to skip the solution treatment would be cost effective 
as well. Since there is not a lot of information on the solidus and liquidus planes along the 
trough it was difficult to prescribe a solution treatment. To be conservative and make sure 
the alloys did not melt, the alloys were aged at 950 oC for 24 hrs.  
     The solution treated alloys showed almost no discernable amount of microsegregation 
after etching.   By comparing the as-cast hardness to the solution treated hardness in Table 
9 it can be seen that the hardness of the Cu-50Mn-30Ni is similar, and actually a little less 
than the as-cast alloy leading to the idea that this was a successful solution treatment. After 
the aging treatment however, the alloy showed a similar peak hardness.  The Ni-60Mn on 
the other hand showed a large increase in hardness of 90 kg/mm2. It appears that in the Ni-
Mn congruent alloy that the amount of precipitation that occurred during casting was rather 
large. Therefore, while the solution treatment did not have much of an effect on the Cu-








As stated earlier, in the high nickel alloys (>20 wt% Ni), along the trough a, critical 
observation was the presence of fine cracks that move radially towards the center line of 
the ingot 3.7. The fact that this is not observed in the lower nickel alloys, hints to the 
possibility that the precipitation of Ni-Mn may have something to do with this 
embrittlement since it does not form in the low nickel alloys. While this was not observed 
in every part that was made, at least one of the small slugs cut from the large ingot of each 
of these compositions displayed a crack before aging and right after casting. This is 
interesting since only the Cu-50Mn-10Ni alloy is located inside the region noted as brittle 
earlier by Dean et al.’s work. One very large difference between these two bodies of work 
is that all of Dean et al’s work was done in the wrought form after a solution treatment as 
opposed to the cast condition in this study. 
Further evaluation of these cracks show that they mostly run parallel to the 
relatively coarse columnar grain structure towards the center along the grain boundaries, 
with a few cracks running parallel to the circumference . Another important point to make 
is the fact that in the as-cast condition these alloys are relatively soft, meaning that the 
cracking is not due to the normal competition between strength and ductility, but some sort 
of embrittlement mechanism. As mentioned earlier a solution treatment (900 °C for 24 hrs 
and then water quenched) was performed on the alloy. Cracks were still observed after 
sectioning of the solution treated samples as well. 
  This evidence leads to the current hypothesis for the formation of these cracks, 
which is that it is due to some form of cold cracking that occurs during the cooling of the 




precipitates to the grain boundaries. NiMn is shown to have at least 2 polymorphs (NiMn 
ht 1 (B2) and NiM ht 2 (L10)). During cooling this phase has an isothermal martensitic 
transition (B2 -> L10) which is accompanied by a 1.6 vol% change[25, 26].  The cracking 
would be further exacerbated by the coarse grain structure that runs all the way to the 
centerline. 
While cracks were observed in as cast structure the presence of the NiMn particles 
could not be observed in the as-cast condition. To try and learn more about where the 
precipitation takes place and gain a better understanding of its kinetics, the solution 
treatment was repeated and then allowed to cool in the furnace. Ideally this should allow 
for a coarser precipitation. If no precipitation were to occur then this would also discredit 
to an extent the idea that it could happen during solidification. After the heat treatment the 
microstructure revealed a structure full of precipitation. The precipitation seems to cover 
all of the grain boundaries, as well as form inside the grains, Figure 3.10A. The cracks also 
seem to run from precipitate to precipitate. The furnace cooled samples also appear to have 
more cracks than that of the same alloy water quenched. After further observation it can be 
seen the structure displays a fine lamellar structure, common with coupled growth that 
seems to start in the grain boundaries and grow inward , Figure 3.10 B+C. From the phase 
diagram it seems possible that due to the slow cooling that this is  the eutectoid 
transformation NiMn(B2) -> NiM ht 2 (L10) + γ(Cu,Mn,Ni) instead of the diffusionless 
martensitic transformation. 
Since the phase diagram shows that 900 °C is higher than the precipitation 
temperature of this phase at this composition, than precipitation must have occurred during 




to be relatively sluggish, it is possible that the kinetics of the NiMn precipitation may be 
faster, especially since it precipitates at a relatively high temperature. It appears that it may 
be fast enough to precipitate during the cooling from casting.  Since the castings in Dean 
et al. were swagged, which would close the cracks, and annealed repeatedly before 
observation it was possible that they were not able to notice this phenomena. 
Other alternatives for this cracking include hot tearing and brittle phase formation 
in the interdendritic liquid, but these were ruled out. The narrow freezing range and high 
permeability in the mushy zone as well as the geometry of the cracks themselves ruled this 
unlikely. Also these cracks would have been seen in the lower nickel alloys since the 
solidification structures were similar. As for the brittle interdendritic liquid, observation of 
the liquidus plot hints that the interdendritic composition should be less hardenable and 






















































Figure 3.10 The cracks can be seen to grow primarily along the grain 
boundaries (A) which are filled with the precipitate. Precipitate which 
grows intergranular as well as transgranular in the furnace cooled 
condition shows a lamellar structure (B) with cracks (white dashed 





During this study the use of nickel as a ternary alloy addition was tested to see if it was a 
viable option for the development of an age hardening cast alloy with a porosity free 
microstructure. Through evaluation of the available thermodynamic data of the Cu-Mn-Ni 
system, alloys were selected along the pseudo binary that connected the Cu-Mn and Ni-
Mn congruent point were selected and tested to evaluate the as-cast solidification structure 
and aging response. This study rendered these important results: 
a) Through the use of available thermodynamic data on the Cu-Mn-Ni system, 
Gibbs Phase rule, and observation of cast microstructure in this study,  the 
pseudo binary region was found to be an isomorphous region with a narrow 
freezing range. 
b) The degree of cellular solidification varied from casting to casting along the 
trough with the highest degree of cellular solidification occurring in the Cu-
Mn and Ni-Mn congruent alloys.  
c) The alloys showed a varying degree of cellular/mildly dendritic solidification, 
but none of the alloys displayed the formation of microshrinkage porosity due 
to the narrow freezing range and higher permeability of the solidifying 
structure. 
d) While the as-cast strength of the alloys increased with nickel content in the 
alloy it was a relative small increase that is most likely due to the increase in 




e) Low nickel alloys showed a minimal aging response, but the high nickel 
alloys should an aging response that lead to an almost 400% increase in 
strength, similar to previous studies. 
f) The presence of cracks in that as-cast structure was observed even in 
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